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SUMMARY 
The incorporation of ductile phases into ceramic matrices has become one of the most 
efficient and promising methods for the toughening of ceramic materials. This work is concerned 
with the processing and toughening of cx-aluminal20 vol% nickel ceramic matrix composites. The 
influence of microstructure and interfacial bonding on toughening have been studied and the 
fabrication processes necessary to achieve tougher composites have been investigated. 
Composites have been fabricated using both sintering and hot pressing techniques. The 
fracture toughness of the composites has been measured using indentation, double torsion and 
double cantilever beam methods. All of the properly fabricated composites are tougher and have 
a more desirable Resistant-curve behaviour than the virgin matrix. 
Investigations have been made on the effect of microstructural factors on the toughening 
of the composites, especially the distribution of the nickel particles and the Al20 3-Ni interfacial 
bonding. Both theoretical evaluation and experiments show that composites with a network 
distribution of nickel particles in alumina matrices are much tougher than composites with discrete 
nickel particles in alumina matrices. It has been confirmed that the poor bonding at the Al20 3-Ni 
interface is the main limitation to the toughening in the composites with discrete nickel particles 
in alumina matrix. 
Attempts have been made to improve the Al20 3-Ni interfacial bonding in the composites 
with a discrete distribution of nickel particles in the alumina matrix by the control of oxygen 
partial pressure in the fabrication environment. The effects of wetting of alumina by nickel and 
spinel interphase formation on the bonding of the Al20 3-Ni interface have been investigated. It 
was found that oxygen promoted wetting can strengthened the interfacial bonding and increase 
the fracture toughness of the composites. Spinel at the interface is found to be detrimental to the 
bonding between nickel and alumina. With a proper control of the oxygen partial pressure in the 
fabrication process wetting of alumina by nickel can be achieved while avoiding spinel formation 
at the same time, creating a both mechanically and chemically strengthened Al20 3-Ni interface. 
Fracture toughness te~ting shows that the composites consisting of strengthened Al20 3-Ni 
interface are tougher than the composites made without a control of oxygen partial pressure in 
the fabrication process. 
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Chapter 1 Introduction 
1.1 Background to the Project 
Chapter 1 
Introduction 
Monolithic ceramics possess the attractive properties of high hardness, chemical stability, 
refractory character, and low density. However, they are brittle at low temperatures because of 
a fundamental lack of dislocation mobility and insufficient slip systems, which seriously limits their 
application as engineering materials. The fracture strength of a brittle material (or) can be related 
to its fracture toughness (KIc) and the flaw size (C) by the Griffith relation 
Ie 
Of = --E:.... 
y{C (1.1) 
where y is a well-documented crack/specimen geometry parameter. It can be seen that to improve 
the structural reliability of ceramics, generally there are two approaches; one is to control the flaw 
size and the other is to increase the fracture toughness. 
Flaw size can be reduced by proper control of processing. However, the material is still 
brittle (having catastrophic failure) and sensitive to post-processing damage. The toughening 
approach attempts to create microstructures that impart sufficient fracture resistance that the 
fracture strength is insensitive to the size of flaws, which has the obvious advantage that 
appreciable processing and post-processing damage can be tolerated without compromising the 
structural reliability. Toughness can be improved either by the manipulation of microstructural 
features, such as control of grain size, porosity, etc, or by the use of various second phases. 
Generally, the manipUlation of monolithic ceramic microstructural features does not have a 
significant effect on fracture toughness. Therefore, various approaches have been made which use 
reinforcements (Table 1.1)~ and the fracture toughness of the brittle materials can be improved 
significantly. 
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This thesis is concerned with the toughening of ceramic materials by the inclusion of 
ductile phases. This method does not provide the highest degree of toughening but does have the 
potential to produce an isotropic material. The dual aims of the project were to investigate the 
degree of toughening that could be achieved in a model particulate system, namely alumina/nickel, 
and to produce a microstructure that used the nickel particles in an efficient manner. 
The «-Al20:JNi system was selected for three main reasons: it was anticipated that the 
Al20 r Ni interfacial bonding could be manipulated by controlling the extent of formation of nickel 
aluminate spinel (NiAl20 4) at the interface; the refractory property of nickel can provide the 
composite with comparatively high heat resistance; the good ductility of nickel is suitable for the 
toughening objective. 
1.2 Thesis Outline 
FollOwing this introductory chapter, the literature is reviewed, beginning with ductile phase 
toughened brittle materials and a consideration of the factors that influence the properties of the 
composites. As the ceramic-metal interfacial bonding is very important to the toughening of the 
composite materials, ceramic-metal interfacial phenomena including wetting behaviour and 
interphase formation at the interface is reviewed. Chapter 3 describes the general experimental 
methods for the fabrication, characterisation, and fracture toughness determination of the 
Al2°:JNi composites. Chapter 4 deals with the specific fabrication details, characterisation and 
evaluation of fracture toughness of the first set of Al20:JNi composites that were investigated. 
The maximum theoretical values of fracture toughness for the composites are estimated (in 
Chapter 5) and compared with the fracture toughness values measured by indentation, double 
torsion and double cantilever beam testing methods. Chapter 6 considers the strengthening of the 
Al20 3-Ni interface by the control of extent of oxygen promoted wetting and spinel formation at 
the interface. The production and testing of a tough homogeneous composite material with a 
strengthened Al20:JNi interface is covered in Chapter 7. The final two chapters of the thesis 
present the main conclusions of the current work and outline possible topics for future work. 
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Table 1.1 A comparison of various toughening mechanisms in ceramic matrix 
composites (after Evans 1990) 
Mechanism Highest Exemplary Limitation 
Toughness/MPa m 'Il Materials 
Transformation ",20 Zr02 (MgO) T~"'900 K 
Hf02 
Microcracking ",10 AI2°:JZr02 
Si3N.JSiC T~"'1200 K 
SiC/TB2 Strength 
Metal dispersion ",25 AI2°:JAI 
ZrBz/Zr T~",1300 K 
AI2°:JNi Oxidation 
WC/Co 
Whiskers/platelets 
'" 15 Si3N.JSiC T<1500 K 
Si3N.JSi3N4 Oxidation 
AI2°:JSiC 
Fibres 
",30 CAS*/SiC 
LASt/SiC 
AI2°:JSiC Processing 
SiC/SiC Coatings 
AI2°:JAI203 Fibres 
* Calcium aluminum silicate glass-ceramic. 
t Lithium aluminum silicate glass-ceramic 
3 
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Chapter 2 
Literature Review 
2.1 Introduction 
In ductile phase toughened ceramics, efficient use of the inherent toughness of the ductile 
phase in the composite needs a proper control of several crucial factors. These include the 
physical and chemical compatibility of the ceramic and the ductile phase, mechanical properties 
of the ductile phase, microstructure of the composite, and the ceramic-ductile phase interfacial 
properties. In the present review, ductile phase toughened brittle materials are discussed, and the 
effect of these factors is considered. As the ceramic-metal interfacial bonding is very important 
to the toughening of the composite materials, ceramic-metal interfacial phenomena including 
wetting behaviour and interphase formation at the interface will be reviewed. 
2.2 Ductile Reinforcement Toughened Systems 
2.2.1 Microstructures of Ductile Reinforcements Toughened Brittle Materials. 
Among the various toughening methods, ductile reinforcement toughening is one of the 
most promising toughening mechanisms, as demonstrated in several metal phase toughened 
ceramic matrix composites (e.g. Hing and Groves 19723 , Newkirk et a1. 1986, Sigl and Exner 
1987). The use of a ductile second phase to toughen a brittle matrix is based on the idea that the 
ductile phase will interact with the crack initiation or propagation in the brittle matrix and this 
may contribute to toughness. Although a number of toughening mechanisms due to particulate 
phases in brittle matrices are possible (Faber and Evans 19833 , Faber and Evans 1983b, Green et 
a1. 1983), the maximum b~nefit from metallic phases is derived from crack bridging by the 
reinforcement (Krstic 1983, Ashby et a1. 1989), in which plastic deformation of the ductile 
4 
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reinforcement has been observed. 
The microstructure of the current ductile phase toughened brittle materials can be 
classified into three types: spherical ductile reinforcements, a continuous (or partially continuous) 
network of ductile reinforcement, and ductile fibres or plates. Examples of spherical ductile 
reinforcement include Fe, Co, Ni in MgO (Hing and Groves 19728 , Hing and Groves 1972b), Mo 
in AI20 3 (Rankin et al. 1971), AI in B4C (Pyzic et a1.1986, Halverson et al. 1989, Bhattacharya 
and Petrovic 1992), AI in glass (Krstic et al. 1981), Ag in AI20 3 (Wang et al. 1993), Fe in AI20 3 
(Marchand et al. 1993), Ni in glass (Stett and Fulrath 1968), W in glass (Nivas and Fulrath 1970), 
Ni in AI20 3 (Tuan and Brook 1990), and Nb in MoSi2 (Moore and Kunz 1987). 
Continuous (or partially continuous) network ductile reinforcement is exemplified by AI 
alloy reinforced AI20 3 produced by the Lanxide method (eg Newkirk et al. 1986, Flinn et al. 1989, 
Aghajanian et al. 1989, Breval et at. 1990, Salas at at. 1991, Antolin and Nagelberg 1992, 
Nagelberg et al. 1992), cemented carbides (e.g. Chermant and Osterstock 1976, Sigl and Exner 
1987, Sigl and Fischmeister 1988, Han and Mecholsky 1990), Nb in Nb silicide (Lewandowski et 
al. 1988), Fe in Fe30 4 (Mendelson and Fine 1974), and Zr in Zr02 (Virkar and Johnson 1977). 
The ductile fibre or plate materials include Ni fibres in MgO (Hing and Groves 1972b) , 
micrometer-sized Ni fibres in glass (Lucas et al. 1980), Ni wires in an epoxy resin (Bowling and 
Groves 1979), AI alloy fibres in AI20 3 (Flinn et at. 1993), W-3wt%Re fibres in a Ti-25at.%Ta-
50at.%AI intermetallic (Deve and Maloney 1991), AI20JlNi laminate composites (Chen and 
Mecholsky 1993), y-TiAl/Nb laminate composites (Emiliani and Deve 1992), and Nb plate in 
MoSi2 (Lu et al. 1991). 
The three different microstructures give rise to different properties. The small gauge 
lengths of particulate ductile phases always result in smaller scale plastic deformation of the 
particles during crack propagation in the composite materials, and the contribution to toughness 
is small compared to the other two microstructures. However, ductile particle toughened brittle 
materials have the advantages of material homogeneity and isotropy. If the electrical insulating 
5 
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property of the brittle material (such as Ai20 3 and borosilicate sealing glass) needs to be 
maintained in the composite, the isolated, i.e. non-networked ductile phase distribution is more 
advantageous. A theoretical study (Zallen 1982) showed that composites can exhibit good 
insulating properties if the volume fraction of the metallic particle is not greater than 18-20% 
and this was confirmed by experiments on metal particle toughened borosilicate sealing glass 
(Moore and Kunz 1987). Above this value the composites undergoes a transition from insulating 
to conducting behaviour. 
2.2.2 Toughening Mechanisms 
Krstic (1983) studied the fracture of brittle-matrix/ductile-particle composites, and 
suggested that the metallic inclusions toughen the ceramic by the mechanism of crack bridging 
(Figure 2.1). Toughness is derived from energy dissipation in the ligaments due to plastic 
deformation as the ligaments stretch to failure between the crack surfaces. On this basis, 
Budiansky and co-workers (1988) carried out a theoretical study of small-scale crack bridging of 
particulate reinforced ceramics. Insights regarding the contribution of crack bridging to toughness 
have been obtained by the testing of composite cylinder specimens of the model system of Pb 
wires in a glass matrix (Ashby et al. 1989). 
The ductile phase toughened ceramics exhibit resistance curve (R-curve) behaviour 
(Figure 2.2): the resistance to crack growth increases initially with crack length. This is due to the 
fact that at the initial stage of crack propagation, the longer the crack, the more particles there 
are to bridge the crack. Once the bridging ligaments furthest from crack tip fracture, both the 
bridging zone length and Klc reach a steady-state value. At steady state, the increase in toughness, 
Il. G, can be estimated from the work of rupture of the ductile phase which is given by the product 
of the nominal stress (0) and the displacement of the crack faces. Thus, 
f U. AG=f 0 a (u) du (2.1.) 
where f is the area fraction of ductile phase intercepted by the crack and u· is the crack opening 
displacement upon rupture of the ductile ligament. Scaling the nominal stress with the yield stress 
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(Oy) and u with a characteristic dimension of the second phase (r) gives 
(2.2) 
in which X is a "work-of-rupture" parameter and is given by 
(2.3) 
X depends on the reinforcement ductility, the work hardening coefficient, and the extent of 
interfacial debonding. Values of X have been obtained both by calculation and by experiment on 
cylindrical test specimens of Pb in glass (Ashbyet a1. 1989) and Nb or Ti-Nb alloy in y-TiAl (Cao 
et al. 1989, Deve et a1. 1987). In these cases it has been shown that interfacial debonding is 
beneficial to toughness. Strong bonding of the reinforcement to the matrix leads to a constrained 
situation with the "gauge length" of the ductile reinforcement equal to the small initial crack 
opening, leading to only a small plastic deformation volume contributing to toughness. Debonding 
increases the "gauge length" of the ductile reinforcement being stretched at the crack faces. 
Calculation and experimental observation of the stress/displacement relationship showed that 
strong bonding leads to a high effective deformation stress but a low plastic displacement at 
ligament failure, the resultant work of rupture being small; debonding leads to a lower 
deformation stress but a higher plastic displacement at reinforcement rupture, resulting in a larger 
value for the work of rupture (Figure 2.3). 
For a well-bonded interface (debonding length, d=::O) and for ductile ligaments that fail 
by necking to a point, the resultant X is in the range 0.3 to 1. Less ductile ligaments that rupture 
prematurely by profuse hole nucleation have corresponding smaller values of X. 
For various extents of debonding at the interface of the cylindrical specimens of Pb in 
glass, X can vary from 0.5 to 6 (Figure 2.4). For the network structure of Al20:JAl composites, 
X is in the range 2 to 3.5 (Flinn et al. 1989). For particulate ductile phase toughened brittle 
materials, since the maximum debonding that can be achieved is appreciably smaller than that of 
" 
the other two microstructures, the X value is comparatively small. 
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Although the incorporation of ductile phase particles in a brittle matrix is now well 
established as a method of increasing toughness and remarkable toughness increments have been 
achieved in some composites, such as glass/AI (AK1c=5.7 MPa mVl for f=20%, Krstic et a1. 1981) 
and Fe, Ni and Co toughened MgO (AYF=200-680J m-2 for f=16-36%, Ring and Groves 1972b), 
in many cases the contribution is small (AKlc<2 MPa mYl). The main limitation to toughening has 
been shown to be lack of plastic deformation of the ductile reinforcement. 
Instead of crack bridging by the ductile phase, the following may occur: ductile 
reinforcement pUll-out (Stett and Fulrath 1970, Krstic et a1. 1981, Moore and Kunz 1987, Jessen 
and Lewis 1989); crack propagation in the matrix only, i. e. avoidance of the metallic particles 
(Statt and Fulrath 1970, Krstic et al. 1981, Krstic 1983); failure of the matrix adjacent to the 
particle-matrix interface before the stretching to failure of the ductile phase (Krstic 1983). Any 
one of these three events limits the plastic deformation of ductile phases in the process of crack 
propagation. The first is a result of poor interfacial bonding between the brittle matrix and the 
ductile particle. The second is caused by the mismatch in elastic moduli and/or coefficients of 
thermal expansion between the particle and matrix. The third is due to the comparatively high 
fracture strength of ductile phase with respect to that of the matrix. 
It has been demonstrated that contributions from crack deflection would only increase the 
fracture toughness by about 50% (Faber and Evans 19833 , Faber and Evans 1983b). To assure 
further toughening the situation must allow the occurrence of bridging of crack faces by the 
ductile phase and the plastic deformation of the ductile reinforcement. Therefore, the utilization 
of the inherent toughness of the dispersed ductile particle is determined by the interfacial 
properties, the level and nature of the internal stresses in the composite and the fracture strength 
of ductile particle relative to that of the matrix. Krstic et al. (1981) showed that AI particles in 
glass have good interfacial bonding, no elastic and thermal mismatch, and low fracture strengths 
of particle compared to that of the matrix, and therefore give relatively high toughening 
increments. However, the interplay of interfacial bonding strength, elastic and thermal mismatch 
and strength of ductile phase~is complex. For example, although Fe toughened MgO (Ring and 
Groves 19723 ) is not a matched system in terms of coefficients of thermal expansion, the 
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contribution of Fe particles to toughness is still considerable. 
2.2.3 EtTect of Interfacial Bond Strength 
According to theoretical and experimental studies of the crack bridging mechanism, partial 
debonding of the interface between the ductile phase and brittle matrix leads to an extensive 
plastic deformation of the ductile phase, and therefore is favourable for the toughening of the 
composite. Unfortunately, in the case of particulate ductile phase toughened brittle materials, the 
degree of debonding of the interface is very difficult to control due to the spherical geometry and 
the small "gauge length" of the particles. 
Complete interfacial debonding is often observed on fracture surfaces, and this seriously 
limits the use of the inherent toughness of the ductile phase. For example, in partially oxidised 
Ni/glass (Krstic 1981), cracks move easily along the weak nickel oxide-nickel metal interface. 
When there was a lack of bonding between glasses and nickel in nickel particle strengthened D 
glass, S glass and M glass, cracks propagated to the metal spheres and around them at the 
particle-glass interface, leaving hemispherical cavities in the fracture surface (Stett and Fulrath 
1970). In Kovar particle toughened glass (Jessen and Lewis 1989, Moore and Kunz 1987) the 
glass-metal interfacial bond strength was lower than the particle yield strength, causing the crack 
to propagate at the glass-metal interface. The contribution to toughness of the ductile phase was 
small due to the lack of plastic deformation. Weak interfaces may also result in low fracture 
strengths as exhibited in B4C/Cu composites (Pyzik et a1. 1986). 
The interfacial bond strength between Kovar and glass can be increased by an oxidation 
treatment of the Kovar particles. This gives an increased toughness value. A further toughness 
increase is achieved by etching of the particle surfaces to make them rougher and give a more 
mechanically interlocked particle-glass interface (Moore and Kunz 1987). 
Although debonding at the interface has been shown to be beneficial in metal fibre and 
metal plate toughened brittle matrices (Deve et a1. 1987, Ashby et a1. 1989, Cao et a1. 1989) and 
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in interpenetrating network structures of metal toughened ceramics (Flinn et al. 1989), experience 
has shown that a strong interface bond strength is beneficial in particulate ductile phase 
toughened brittle materials. 
2.2.4 Effect of Coefficient of Thermal Expansion Mismatch and Elastic Moduli 
Mismatch 
A second phase particle incorporated into a brittle material is a stress concentrator if the 
elastic and/or thermal properties of the two phases differ. The nature of the resultant internal 
stress affects the interaction between the ductile phase and the matrix. 
2.2.4.1 Coefficient of Thermal Expansion Mismatch 
Krstic et al. (1981) studied the effect of coefficient of thermal expansion mismatch on the 
fracture of brittle matrix/ductile particle composites. Assuming that there is no stress relaxation 
during cooling from the processing temperature, the hydrostatic stress (oh) developed as a result 
of the difference between the coefficient of thermal expansion (erE) of the matrix, «m' and that 
of the particle, «p' is given by (Selsing 1961) 
Ob==AflAJ l.+v. + 1.-2V,P)-1 (2.4) 
-~ 2B. B'p 
where A« is the difference in linear erE (um-up) of the matrix and the second phase, AT the 
temperature difference, and E E v and v are the Young's modulus and Poisson's ratio of 
m' P' m' p 
matrix and second phase, respectively. 
If up < urn' the particle will be subject to a hydrostatic compressive stress, and a propagating 
crack will be attracted to the particle-matrix interface. However, in this case a degradation in the 
strength of the composite cannot be avoided, because the greater contraction of the surrounding 
matrix during cooling from the processing temperature is liable to cause matrix cracks. 
If up>u m, which is the case in most metal/ceramic systems (including the Alz0y'Ni system 
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of the present study, see Figure 2.5), the particle will be subject to a tensile hydrostatic stress on 
cooling, with a resulting compressive stress perpendicular to particle radius in the matrix near the 
particle-matrix interface, i. e. a compressive interfacial hoop stress. This residual stress will cause 
cracks to by-pass the spherical particles. This was identified as one of the major limitations of the 
toughening of brittle matrices by ductile particles (Krstic 1983), as exhibited in partly oxidised 
nickel in D glass (Krstic et a1. 1981, Stett and Fulrath 1970). The radial tensile stress in nickel 
introduced by the mismatch in CfE in a D glass/Ni composite was evidenced by X-ray strain 
measurements, where the nickel plane spacing d420 shifted from 0.080870 nm to 0.080900 nm 
(Stett and Fulrath 1970). Fracture through the D glass matrix and around the nickel spheres, 
rather than radially to the spheres, showed the effect of this net radial tensile stress on the 
fracture path. To utilize the inherent ductility of the second phase particle, the crack front must 
interact physically with the particle, not avoid it. 
Sigl et al (1988), however, calculated that if bridging exists, then the residual stress present 
in the material, due to thermal expansion mismatch, can contribute to the toughness through its 
influence on the initial crack opening stress. The compressive stress in the matrix must be 
exceeded before crack opening within the bridging zone can commence. These authors found that 
although crack bridging is the m~in contribution to toughness in we/Co and Al20 -JAl composites, 
the level of toughening predicted was appreciably less than the measured toughness increment. 
The disparity can be attributed partially to the effect of residual stress. Wang et a1. (1991) 
established a crack bridging model with the consideration of residual stress in a particulate 
reinforced ~mposite. A rough estimate using this model was in reasonable agreement with 
experimental data for a Al20-JAl composite. However, the microstructure of the Al20 -JAl 
composite produced by the Lanxide method was an interpenetrating network, rather than a 
particulate ductile phase. Furthermore, the prediction of Sigl et at. and the calculation of Wang 
et at. of the toughness of the Al20 -JAl composite did not consider the effect of interfacial 
debonding. The debonding length of the Al20-JAl composite was measured by Flinn et al. (1989) 
in scanning electron microscopy (SEM) investigations of the fracture surfaces. d/r values ranged 
between -0.1 and -0.5, corresponding to a toughness increment, A G, by crack bridging of 
170-300 J m·
2
, consistent with the experimentally determined value of 150-200 J m·2• Therefore 
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the contribution of the thermal expansion mismatch to the toughening of the Al20y' Al composite 
is not obvious. 
The two opposing effects of residual stress on toughness need to be considered carefully 
if optimum toughness is to be obtained. The hydrostatic residual stress should be sufficiently small 
that the crack does not avoid the ductile phase. Unfortunately, it is comparatively easy for a crack 
to avoid the particulate ductile phase because of its spherical shape. If the interfacial bond 
strength is not strong enough, the residual stress may also promote interfacial fracture, as 
exhibited in the D-glass/partly-oxidised Ni composite (Krstic et al. 1981). Ductile fibres and ductile 
network structures are difficult for the crack to avoid, and the residual stress in the matrix may 
be beneficial. In particulate ductile phase toughened ceramics annealing to relax the residual 
stress caused by the thermal expansion mismatch, or selecting composite systems in which the 
CTE of the metal phase and the ceramic phase match each other may be beneficial for 
toughening. 
2.2.4.2 Elastic Moduli Mismatch 
The effect of elastic moduli mismatch on the resultant stress intensity of a crack under an 
applied load in the presence of an inclusion has been calculated by Erdogan (1974). If Em <Ep' 
the stress intensity factor of a crack near the equator of a particle approaches zero. Conversely, 
if Em> Ep' the stress intensity approaches infinity. Thus a crack will be attracted toward the poles 
of high-mOdulus inclusions and the equator of low-modulus ones. Thus low-modulus inclusions 
are beneficial if crack bridging is desirable. The modulus effect of the Al20y'Ni system of the 
present study (ENi =206.0 GPa, Ealumina=398.3 GPa) is, therefore, favourable for crack bridging 
to occur. 
2.2.5 Effect of Strength of Ductile Particle 
The effect of the strength of the ductile particle on toughening has been calculated by 
B d' 
u lansky et al.(1988) and Krstic (1983). Budiasky's calculation is based on the crack-bridging 
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mechanism, and showed that high particle strength is desirable. However this result is contrary 
to the experimental observation of some particulate ductile phase toughened ceramics. The 
discrepancy may be due to fracture along the particle matrix interface or in the matrix adjacent 
to the interface; Budiansky's calculation does not consider these possibilities. Krstic concluded that 
the fracture strength of the ductile particle should be lower (in the case Ep=Em) than that of the 
matrix to avoid the fracture of the matrix adjacent to the interface before the fracture of the 
particle and to ensure sufficient plastic deformation of the particle behind the crack tip. 
However, if a particle is intercepted by a crack, the stress is mainly concentrated on the 
ductile particle. Thus, to avoid fracture along the matrix adjacent to the interface, the strength 
of the ductile particle should not necessarily be higher than that of the matrix. On the other hand, 
for most of the ceramic-metal systems, the fracture strength of the metal is greater than that of 
the ceramic (Table 2.1). Little choice can be made to select a system that the fracture strength 
of the ductile phase is lower than that of the brittle matrix. 
To ensure sufficient plastic deformation, a lower yield strength of the ductile phase is 
more favourable. Baran et a1. (1990) found that in glass/Au-alloy composites the softer, more 
ductile alloy was a more effective toughening additive than the harder alloy. 
2.3 CeramiC-Metal Interfaces 
Bond strength is one of the important considerations for ceramic-metal interfaces and 
joints. For the particulate ductile phase toughened brittle matrix composites, as discussed above, 
strong interfacial bonding is thought to be desirable. 
The integrity of the interface is determined by the structure and chemistry of the interface. 
The factors that govern bonding and interfacial behaviour include the thermodynamics of 
interfacial reaction, crystallographic relationships, and atomic structure at the interface. The 
present review considers mainly the thermodynamic aspects of ceramic-metal (particularly Al20 3-
Ni) interfacial behaviour. 
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Ceramic/liquid metal, and ceramic/solid metal systems are considered, mainly with respect 
to the effect of oxygen on the interfacial behaviour. For the Al20~i system of the present study, 
the effect of oxygen on the wetting of nickel on alumina and on the NiAl20 4 spinel interphase 
formation are discussed. 
2.3.1 A120 3-Metal Interfaces without Interphase Formation 
2.3.1.1 Wetting of Al20 3 by Liquid Metals 
A liquid metal forms an interface with a solid ceramic by wetting it, by freely spreading 
over the surface and penetrating pores and fissures (Nicholas 1986). Wettability can be 
determined by a liquid sessile drop resting on a horizontal substrate (Figure 2.6). Spreading and 
penetration occur when the angle of contact 6=00. 6 is a unique function of surface and interface 
energies as described by the Young-Dupre equation 
Y cI = Y cv - Ylvcos6 (2.S) 
where Y cy and Y Iv are the surface energy of the ceramic (solid) and the metal (liquid), respectively, 
and Y cI is the interface energy of the solid-liquid interface. This equation is particularly applicable 
When the system is under moderate vacuum conditions and the vapour pressure of the molten 
phase and solid substrate is very low (Chaklader et al. 1980) and the metal is not oxidised. 
In the presence of a gaseous phase, such as oxygen, or when the vapour pressure of any 
of the components is high, the Young-Dupre equation should be modified (Chaklader at al. 1980) 
to give 
Y cI = Y cg - YIgcos6 (2.6) 
where Y cg and Ylg are the interface free energy of solid/gas and liquid/gas, respectively, both in 
equilibrium. 
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Few ceramics are wetted by molten metals (Calow et a1. 1971), and particularly high-
melting point metal oxides are, as a rule, wetted poorly by liquid metals. Contact angles of 
mercury, tin, lead, silver, copper, nickel, cobalt, iron and platinum on high-melting oxides of 
aluminum, magnesium and beryllium are of the order of 1200 to 1500 (Naidich 1981). Nicholas and 
Mortimer (1985) attributed this to the non-metallic character of the interfacial bond. The ionicity 
and covalency of the ceramic lattices restrict electron movement, whereas the bonding electrons 
in metals are delocalized. Thus, the creation of a ceramic-metal interface causes an electron 
discontinuity and requires more energy than the formation of a ceramic surface and hence results 
in non-wetting. Ionicity increases the severity of the discontinuity. Pauling's electronegativity rules 
predict that fluorides, and oxides to a lesser extent, are predominantly ionic, and practice shows 
them usually to be the least wetted of the ceramic families. 
Naidich (1981), on the basis of the work of many authors, established that the wettability 
of an oxide by a metal and adhesion in such a system increases with growing affinity of the liquid 
phase metal for oxygen. Thus, oxygen-active metals such as titanium, zirconium, aluminum, silicon, 
manganese, and lithium (either pure or in the form of alloys) form small contact angles and 
spread over certain oxide surfaces (Al20 3, BeO, Si02, MgO). 
AllOying additions, such as Ti and Cr, to inactive metals effectively promote wetting on 
oxide materials (Naidich 1981). The segregation of the alloying elements at the interface can 
sharply decrease the contact angle even at low element concentrations (Figure 2.7). In any binary 
r . 
lquld system surface segregation of the solute element lowers the surface tension of the alloy and 
the severity of the segregation increases with increasing difference between the surface tension 
of the two components (Hondros 1980). 
Oxygen can promote the wettability of a metal on Al20 3• Increasing the oxygen content 
of liquid iron (Halden and Kingery 1955) or silver (Livey and Murray 1956) causes the contact 
angle made with the oxide surface to decrease sharply. The effect of oxygen on the surface 
tensions of melts of Fe-O, Ni-O, Cu-E), Ag-O, together with their wetting characteristics on Al20 3 
and MgO h b . . 
as een studied by several workers (e.g. Halden and Kingery 1955, Eremenko et a1. 
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196()8, Eremenko et al. 1960b, Momma and Suto 1960, Kuzmin 1972, Kuzmin 1973, Kazumi 1973, 
Mehrotra and Chaklader 1985). Oxygen causes an abrupt decrease in the surface tension of the 
melts (Figure 28) and an improvement in the wetting of the oxide surface by the melts (Figure 
2.9). 
2.3.1.2 Prediction of Interfacial Behaviour with Variation of Oxygen Partial Pressure 
Mehrotra and Chaklader (1985) have developed a model which can predict approximately 
the interface behaviour of ceramic/molten metal systems with varying partial pressures of oxygen. 
They described the variation of surface tension of liquid metal (Ylg) with oxygen partial 
pressure (Po2) for Al20imetal systems (Figure 2.10) by considering two regimes of behaviour. 
The first regime corresponds to the very low P02 region, where Ylg is only slightly affected by 
variation in log Po2. During this stage the solute is expected to be absorbed in the bulk of the 
body and only partially covers the surface. The second regime corresponds to the constant slope 
region of the curve and the reduction in YIg with log P02 is more drastic, indicating that the 
surface is now saturated with oxygen atoms. A third regime exists for the Cu/Al20 3 system and 
the reason for this is unknown. 
The constant slope of the curve in the second regime can be described by the Gibb's 
adsorption equation (O'Brien and Chaklader 1974, Belton 1976, Gallois and Lupis 1981). The 
surface concentration of oxygen at monolayer formation (roO) is given by 
(2.7) 
where 30 is the activity of oxygen in the bulk metal and R is the gas constant. 
In the model, two assumptions were made: (1) the interface energy of the ceramic 
substrate (y ). f . .. AI 
cg IS a unction of temperature only and IS known (though 10 a study of the Al20i 
system Bren d . 
nan an Pask (1968) postulated that the surface energy of an Al20 3 substrate at high 
P02 would be different from that at low Po2) and (2) the interfacial energy of the pure liquid 
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metal (YlgO) is either known or can be estimated. On this basis, the following equations predicting 
the variations in Ylg and 6 as a function of log P02 (there are some mistakes in the original 
equations and they are corrected by the present author) were obtained 
Ya _ 2 • 303R!'r: [logP -logP a] 1(/ 2 0 Oa Oa (logP Oa > logP~) 
Y1(/=I (2.8) 
(logP~ <logP~) 
_ya + 2. 303R!' ~ (logP -logp a ) 
1(/ 2 0 ~ ~ 
0-90° =l 
moosO 
(logp~>logp~) 
(2.9) 
(logPOa <logP~) 
where P02 C denotes the oxygen partial pressure at which the monolayer formation is complete 
(:ro=roO), and YlgC is the corresponding liquid metal interfacial energy. Yll is the interfacial energy 
of molten metal in the absence of any surface active solute (which corresponds to a oxygen partial 
pressure log Pol). YlgC can be obtained approximately from Ylgc=O.96Ylgp (Mehrotra and 
Chaklader 1985). m (=d6/dy eI) can be obtained from Figure 2.11. 
It should be noted that Mehrotra and Chaklader's model assumes the empirical relation 
exhibited in Figure 2.11, i. e. the linear relation between 6 and Yel. Ifthe experimental relation 
between 6 and Y cI is unknown, the empirical linear relation between d6/dYeI and (-.aFff) of the 
A12°:Jmetal systems (Figure 2.12) can be used to estimate the value of m (where .aF is the free 
energy of compound formation at the A120 3-metal interface). 
The predicted variations in Ylg' 6, and Yel as functions of log P02 for A120~Cu and 
Al20 :JAg systems are in good agreement with experimentally measured values (Mehrotra and 
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Chaklader 1985). 
2.3.1.3 Solid State Ceramic-Metal Interfaces 
Most ceramic-metal interfaces and joints are fabricated in the solid state (e. g. diffusion 
bonding, solid phase bonding, and solid state sintering and hot-pressing of various composite 
powders of metals and ceramics). The physics and chemistry of interfacial reactions in liquid 
metaVceramic systems are not directly relevant to this case. Wettability is not a controlling factor 
and the wetting of the ceramic by the metal may not be a requirement. 
In principle, any ceramic and metal can be brought into intimate contact by the application 
of sufficient pressure for long enough time at high temperatures. The process of the interface 
formation requires ceramic-metal contact to be made and grow primarily by metal flow to give 
conformation to the surface topography of the ceramic. Its success depends critically on the 
achievement of adequate interfacial contact, initially by plastic deformation and subsequently by 
creep and diffusion to spheroidize and seal any residual porosity. Examples of metals that have 
been diffusion bonded to alumina include aluminum, lead, chromium, zinc, copper, nickel, iron, 
and platinum (Klomp 1972, Mortimer 1979). 
If equilibrium is achieved, the Young-Dupre equation is also applicable to solid state 
metal-ceramic interfaces. 
2.3.1.4 Work of Adhesion and Strength 
The driving force for the formation of a ceramic-metal interface is the energy (Wad) the 
system gives up and this is given by the Dupre equation 
Wad = Ym + Yc - Ymc (2.10) 
where y ad. . 
m nyc are the surface energy of the metal phase and the ceramic phase, respectively. 
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Y me is the free energy of the ceramic-metal interface. Wad is the reversible work of adhesion. This 
is the work required to separate a unit area of the interface into the two original surfaces. Wad 
cannot be measured directly, but can be deduced by measuring the contact angle 8 established 
by a liquid or solid metal in equilibrium with the ceramic. From equation 2.10 and the Young-
Dupre equation 
Wad = Y m(l + cos8) (2.11) 
In the case of liquid metal-Alz0 3 contact, and in the presence of a gaseous phase, the 
work of adhesion can be expressed as 
Wad = Yeg + YIg - Yel (2.12) 
Very few studies exist that quantitatively relate Wad to log POz because of the difficulty 
in measuring the variation of both Ylg and 8 with log POz. However, these can be estimated 
roughly using the mathematic model established by Mehrotra and Chaklader (1985). 
The work of adhesion might be expected to be related to the fracture strength and 
fracture energy of the ceramic-metal interface. However the form of this relationship is far from 
clear. It is more appropriate to relate the interfacial strength to Wad of solid state metal/ceramic 
systems than those of liquid metal/ceramic systems, because for the liquid metal/ceramic systems, 
the interface whose strength is measured has undergone changes since is was formed by the liquid 
metal, i.e. SOlidification, thermal contraction, and possibly phase transformation. However, it is 
clear that both liquid phase bonded and solid state bonded alumina/metal systems exhibit strength 
increases with increasing Wad (Figure 2.13, Figure 2.14). 
For non-wetting liquid metal/ceramic systems, it is commonly accepted that oxygen 
promoted wetting of metal on oxide ceramics increases the Wad and the strength of the interface; 
for example W ·n . h· ' . . . . k I C AI ° 11\J. t 
' ad 1 creases WIt mcreasmg oxygen concentratIon 10 me e lor z 3',,1 sys em 
(Figure 2.15). While wettability determines the extent of ceramic-metal contact, the nature of the 
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bonds is determined by the chemistry of the interface. For example, Nicholas et at. (1968) found 
that wettability changes of Al20y'metal systems caused by varying the contact temperature or time 
do not affect interfacial strength. 
2.3.1.5 Bonding Models of Ceramic/Metal Systems 
Based on the cation shielding and polarizability arguments of Weyl (1953), the larger size 
and higher polarizability of oxygen anions as compared to metal cations cause a reconstruction 
of the oxide surface with displacement of the cations from the surface to the interior. The 
extreme outer layer of the oxide contains only oxygen anions. On the basis of this widely accepted 
model, it is believed generally that the interfacial interaction is between metal atoms and oxygen 
anions. 
It has been assumed that interaction across the interface first occurs by Van der Waals 
bonding (Ruhle and Mader 1989). Further interaction involves forming ionic bonds between metal 
and oxygen. The energy to do this is related to the free energy of metal oxide formation. For 
example, Humenik and Kingery (1954) found that the work of adhesion of liquid metals on oxide 
sUrfaces increases with increasing standard free energy of oxide formation (Figure 2.16). 
MCDonald and Eberhart (1%5) examined this relationship for various metals in contact with the 
(0001) plane of sapphire. There are two likely sites for metal atoms to be bonded to AI20 3 
(Figure 2.17): those above the AI ions located below the top layer of oxygen ions (Site B) and 
those above empty sizes (Site A). Site A forms ionic oxygen-metal bonds and site B forms Van 
der Waals bonds. The work required to separate a AI20 3-metal interface, Wad' thus depends on 
the density and strength of the two types of bond. The calculated trends in Wad are in good 
agreement with the experimental data for the bond strengths of AI20y'metal systems (Figure 
2.13). The model is also relevant to solid state metal-ceramic interactions. 
However, Klomp (1984, 1987) found that the very strong bonding of Pt and Pd to Al20 3 
is at variance ·th h· . WI t IS SImple model aDd pointed out that this is because the model ignores metal-
metal interact" d h . Ions an t at these can be strong. In support of Klomp, Zhong and Ohuchl (1989) 
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in the study of Al20 3-Ni interfacial reactions also found by X-ray photoelectron spectroscopy 
(XPS) analysis that a Ni-Al interaction exists at the interface formed under UHV conditions. 
Naidich (1981) proposed a model of liquid metal-solid oxide interface formation. He 
suggested that atoms at the liquid metal surface cannot bind with the oxide surface formed by 
negatively charged ions of oxygen. Taking into account that the metal surface is also electrically 
negative (due to a layer of electron gas extending beyond the metal lattice), there should be a 
repulsive force acting between the metal and the oxide. 
It is assumed that oxygen dissolved in the melt will react with the metal atom in the liquid 
melt to form a Me2+ _02- complex. Such a complex will be strongly adsorbed at the liquid metal-
oxide interface as a result of the electrostatic attraction between the Me2+ of the complex and 
the layer of oxygen anions at the oxide surface. Metal ions will bind by strong ionic bonding with 
the oxygen anions at the oxide surface. The interfacial structure, therefore, will comprise of a 
layer of liquid phase metal oxide (Figure 2.18). The activity of the Me2+ _02- complex at the 
interface increases with increasing affinity of the metal for oxygen. The work of adhesion can be 
estimated approximately from the energy required to break the bond between the two oxides. 
If the liquid metal is free from oxygen, the formation of the Me2+ _02- complex will involve 
the reduction of the oxide by the liquid metal. This chemical contribution to the work of adhesion 
increases with decreasing standard free energy of this chemical reaction. Klomp (1985) pointed 
out that the free energy change associated with the solution of the metal of the solid oxide in the 
melt should also be taken into account. 
The improvement in wettability and adhesion of liquid metal on oxide due to the presence 
of oxygen is explained qualitatively by this model. However, a quantitative theory of the 
phenomenon is still lacking and this model cannot be applied to solid state metal-oxide interface 
formation. 
A more fundamental, atomistic understanding of the nature of Al20 3-metal bonding 
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requires quantum mechanical models to be established. A simple approach is the self-consistent-
field X-Alpha scattered-wave cluster molecular orbital model (Johnson and Pepper 1982). This 
approach approximates the interface to an (Al06)9- cluster and one metal atom. The primary 
interaction at the metal-sapphire interface occurs between the metal d orbitals and otherwise non-
bonding p orbitals of the oxygen ions, to produce both bonding and antibonding molecular 
orbitals. In addition to these covalent interactions, there is an ionic component associated with 
metal-to-oxygen charge transfer at the metal-sapphire interface. This ionic component of bonding 
is proportional to the metal d and oxygen p orbital electronegativity difference. 
For Fe and Ni, the antibonding orbitals are only partially occupied and net bonding occurs 
(Figure 2.19). For Cu and Ag, the antibonding orbitals are fully occupied and this essentially 
cancels the covalent contributions of the bonding orbitals, leaving only small residual ionic and 
Van der Waals contributions. The predicted bond strengths according to the occupancy of the 
sapphire-metal antibonding orbitals increase in the order: Ag-Cu-Ni-Fe. This order is in 
agreement with the measured trend in shear strength, as well as the (negative) heat of formation 
of these metal oxides (Pepper 1976). Future models need to pay more attention to the 
heterogeneous nature of the interface, so that the segregant and environmental effect could be 
predicted accurately. 
2.3.2 AI10 3-Metal Interfaces with Spinel Interphase Formation 
2.3.2.1 Effect of Interphase Formation on Bond Strength 
Chemical reaction at metal-ceramic interfaces can result in the formation of intermediate 
phases and this may have a marked effect on the interfacial properties. The reaction products at 
Al203-metal interfaces are normally spinel-type compounds. Factors determining the effect of 
interphase fo t·. . 
rma Ion on bond strength mvolve the extent of reaction and thickness of reaction 
Product the mech . I . . 
, amca properties Qf the mterphase, the stability of the interphase and its 
compatibility with the metal and the ceramic either side of it. 
22 
Weyl (1946) in a study of adhesion of metals to glasses suggested that an intermediate 
oxide film acts as a transition layer which enhances metal-glass adherence. A study of bonding of 
COpper-based binary alloys to diamonds (Scott and Nicholas 1975) showed that the thickness of 
the interphase layer has a great effect on the interface strength. Additions of active alloying 
elements (Cr, Ti, V) to Cu leads to the formation of islands of carbides bridging the metal-
diamond interface. The coverage of the interface increases with time, temperature and the 
concentration of the active metal. The maximum value of interface strength is when the interface 
is just covered by the bridging compound. No further improvement is possible and a deterioration 
can, and often does, occur as the reaction proceeds further to form a thicker continuous layer 
which is unable to accommodate stress due to volume mismatches (Nicholas 1986). 
The effect of spinel interphase formation on the mechanical integrity of transition metal 
(Ni, Fe, Cu, Co )-AlZ0 3 interfaces is not well understood. It has been suggested that spinel 
formation can enhance the metal-Alz0 3 interface by lowering the interfacial energy, or at least 
by increasing the work of adhesion (Pepper 1976). Formation of CuAl0z resulting from the 
chemical reaction between liquid copper and alumina does indeed lower the interfacial energy 
(Chaklader et al. 1968). Pepper (1976) found that exposure of metals (Ag, Cu, Ni, Fe) to oxygen 
enhanced the shear strength of metal-sapphire contacts. It was suggested that the enhanced bond 
strength is due to the initiation of the formation of a complex oxide (spinel type) which 
establishes stronger chemical bonds than those found in the clean metal contact. This is supported 
by the opposite effects on shear strength of exposure of metal to oxygen and chlorine (Table 2.2). 
From the point of view of the chemical bonds formed between the metal atoms and the 
large oxygen anions in the sapphire, elimination of active sites in the metal surface before bonding 
~~~cefu h - . 
e s ear strength. Exposure of the metal surface to either chlorine or oxygen wIll 
passivate the f . .. 
ac Ive metal sites; a reductIon m shear strength should be expected for both 
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exposures. However, the shear strength increases for the metal exposed to oxygen and the result 
cannot be understood in terms of the chemical bond hypothesis. Instead results are in accord with 
the idea that an intermediate oxide layer enhances adhesion (Weyl 1946). 
Studies on the diffusion bonding of solid state nickel to alumina suggested that NiAl20 4 
spinel formation can result in a stronger interfacial bond, and therefore small amounts of nickel 
oxide (existing on the nickel surface) are beneficial for this reaction (Calow et al. 1971, Calow and 
Moore 1972). However, sometimes the formation of NiAl20 4 spinel is associated with non-
bonding conditions (Calow and Porter 1971). 
Poor adhesion is often related to the existence of metal oxide at the interface. NiAl20 4 
spinel formed between NiO and alumina, usually uniform in thickness and containing little 
porosity, bonds firmly to the Al20 3 but not to the NiO (Pettit et al. 1966). The lack of bonding 
at the NiO-NiAl20 4 interface was attributed to the mass transport of NiO via the vapour phase 
for establishing thermodynamic equilibrium at the interface. A similar result is also observed for 
the reaction between single crystals of AlZ03 and MgO, i.e., the spinel layer strongly adhered to 
the sapphire crystal, but there was no adherence between the spinel and the MgO (Rossi and 
Fulrath 1963). 
The thickness of NiO on the nickel surface before the bonding process also affects greatly 
the adherence of nickel to alumina. A critical thickness of NiO exists (Bailey and Bobidge 1981). 
Below thO . . . 
IS cntIcal thiCkness, the more NiO present, the more spinel can form and the stronger 
the bond. Above this critical thickness, the NiO cracks away from the nickel metal (Gulbransen 
and Kenneth 1957). 
The extent of chemical reaction at the metal-Alz0 3 interface is crucial. Sutton and 
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Feingold (1966) have shown that if chemical reaction at the A120 3-Ni interface exceeds a certain 
extent, gross deterioration to the mechanical properties of the alumina is inevitable at 
temperatures greater than the melting point of nickel, resulting in a decrease in adhesion of the 
interface. However, providing the degree of chemical reaction at the interface is not greater than 
a critical amount, this reaction can be tolerated and is essential for the development of a good 
bond. 
The interface between spinel and nickel is unstable at low oxygen partial pressures. A 
Simple calculation shows reduction of spinel to Ni and cx-A120 3 is accompanied by a 20% volume 
decrease. Partial reduction of the NiA120 4 spinel may produce gaps along the spinel-Ni interface 
and weaken the interface (Trumble and Riihle 1991). 
Considering the volume compatibility of spinel formation and its stability, a thin layer or 
the initiation of formation of spinel may be beneficial for the bonding of metal to alumina. 
Existence of large amounts of NiO at the Ni-A120 3 interface is detrimental. An optimum control 
of spinel formation at the metal-A120 3 interface will involve the consideration of the kinetics of 
spinel formation. 
2.3.2.2 Spinel Formation between NiO and «-A1
z
0 3 
Formation of NiA120 4 spinel can occur either through the reaction of A120 3 with NiO or 
the reaction of Ai20 3 with Ni at an oxygen activity greater than a threshold value. The former 
reaction is the h ty" . I" . . . 
arc e pe lor spme lormatIon and the crystallography, thermodynamIcs, atomIC 
mechanism and ki . f h· .. . . 
, netIcs 0 t e reactIon have been studIed extensIvely (e. g. Thirsk and WhItmore 
1940 Fricke d W . . 
, an eltbrecht 1942, Schmalzried 1960, Tretjakow and Schmalzried 1965, Lenevand 
Novokhatsk·· 1965 Le· .. . . 11 ,vltsk11 and Rezukhma 1966, PettIt et al. 1966, Navrotsky and KJeppa 1968, 
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Minford and Stubican 1974, Elrefaie and Smeltzer 19813 , de Roos et al. 1983, Simpson et al. 
1987). The latter reaction often occurs during the diffusion bonding of nickel and cx-Al20 3 (Calow 
and Porter 1971, Calow et al. 1971, Vardiman 1972), in the fabrication and high temperature 
exposure of alumina (or sapphire) whisker or fibre reinforced nickel matrix composites (Mehan 
1972, Calow and Moore 1972, Stapley and Beevers 19733 , Stapley and Beevers 1973b) and in 
nickel particle toughened alumina matrix composites (see chapter 3 and 6). 
The reaction of NiO and Al20 3 to form NiAl20 4 spinel proceeds through counter 
diffusion of Ni2+ and Al3+ ions in the spinel (Pettit et al. 1966, de Roos et al. 1983, Minford and 
Stubican 1974). Al20 3 has a considerable solubility in NiAl20 4 (Figure 2.20), which can be 
expressed as NiO-(1 +x)Al20 3• Spinel equilibrated with NiO has a stoichiometric concentration, 
NiAl20 4, independent of temperature. Spinel equilibrated with cx-Al20 3 has a maximum x which 
is temperature dependent. Xmax ranges from 0.27 at 1000°C to 2.17 at 19200C (Elrefaie and 
Smeltzer 1981 b). A composition gradient of Al3+ exists across the spinel layer formed between 
NiO and Al20 3 (Figure 2.21). The considerable solubility of Al20 3 and the extremely low 
solubility of NiO in NiAl20 4 spinel (Pettit et al. 1966) will give rise to an Al3+ concentration 
gradient over the spinel phase. This acts as the driving force for a continued reaction (de Roos 
et al. 1983). The NiO acts as a persistent source of Ni2+ ions. Pettit at al. (1966) concluded that 
diffUSion of Al3+ ions in spinel control the reaction rate in the range 1200 to 1600°C. The 
reaction at the two interfaces may be written as (Pettit et al. 1966) 
2A13+ + 4NiO = NiAlZ0 4 + 3NiH 
3Niz+ + 4Alz0 3 = 3NiAlz0 4 + 2A13+ 
(2.13) 
(2.14) 
The growth kinetics for the spi~el layer obeyed a parabolic rate law (Pettit et al. 1966, 
Minford and S . tublcan 1974) expressed as 
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(AX)2 = kt (2.15) 
where ~x is the thickness of the spinel layer, t the time of reaction, and k the reaction-rate 
constant. The relationship between the reaction-rate constant and temperature is shown in Figure 
2.22, and can be expressed by the Arrhenius-type equation (Minford and Stubican 1974) 
k = 1.1x104exp[(-108,OOO ± 5,OOO)IRT] cm2 s-1 (2.16) 
where R is the gas constant (in cal KImoIOI). From equation 2.15 and 2.16 it can be seen that 
spinel thickness can be controlled by the reaction time and temperature. Because the existence 
of NiO at the Ni-Al20 3 interface is detrimental to bond strength, it is necessary to relate the 
thickness change of NiO to the spinel thickness, so as to obtain an optimum thickness of NiO 
necessary to react with «-Al20 3 to form a required thickness of spinel layer without leaving any 
NiO. This relation can be easily obtained by a dimensional analysis, and is given by 
Ax _ PN1o-M.p112el 
Ar - MN10·P.p 112el 
(2.17) 
Where PNiO' MNio and Pspinel' Mspinel are the density and the molar weight of NiO and spinel, 
respectively. ~ Y is the thickness change of NiO. 
2.3.2.3 Spinel Formation between Ni and a-A120 3 
Trumble and Ruhle (1991) considered by both thermodynamic analysis and experiment 
that spinel formation between Ni and «-Al20 3 does not necessarily proceed through a NiO 
interface Th ... .. . 
. e reactIon m thiS case cannot be determmed unambiguously from thermodynamic 
data alone becau k·· ·d· ' . IS· II h . h ... I 
' se metIc consl eratlon are mvo ved. ometlmes sma c anges m t e mltia 
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conditions can influence the reaction path dramatically. As shown in Figure 2.23, the diffusion 
paths correspond to the dissolution of cx-Al20 3 into nickel at internal interfaces. That cx-Al20 3 can 
dissolve to a certain extent in solid nickel has been observed in several studies (e.g. Mehan 1972, 
Seylbolt 1968, Lewis et a1. 1962, Dromsky et a1. 1962). Path 1 shows a stable Ni-Al20 3 interface 
at low oxygen activity. It was assumed that the diffusion coefficients of oxygen and Al in dilute 
solutions in y-Ni are essentially independent of concentration, hence additional oxygen would shift 
the diffusion path to higher oxygen levels, supposedly resulting in spinel formation. 
Spinel formation requires a threshold oxygen activity. Through thermodynamic calculation, 
the threshold oxygen level necessary to stabilize the spinel (ONit at. %) is given by (Trumble and 
Ruhle 1991) as 
[0"';] =exp ( -7550±1200 +0.84) 
'1' 
(2.18) 
Where 0Nit increases from 0.006 at.% (60 at. ppm) at 1273 K to 0.025 at.% (250 at. ppm) at 1663 
K (Figure 2.24). The solubility limit of oxygen in solid nickel increases from 0.07 at.% at 1373 K 
to - 0.15 at.% at 1663 K, about an order of magnitude greater than the threshold oxygen activity 
for spinel formation. Thus, the sources of the required oxygen can be oxygen dissolved initially 
in the nickel and/or oxygen diffused from the bonding environment. Spinel formation at the Ni-
Al20 3 interface resulting from either of the oxygen sources has been observed by bonding oxygen-
COnt . . . . 
ammg (0.07 ± 0.040 at.%) NI to cx-Al20 3 under very high vacuum (-1x10-5 Pa)(Trumble and 
Ruhle 1991) and by controlling the oxygen partial pressure in the environment such that pure 
N·O· 
I IS unstable and only the spinel phase is stable at the Ni-Al20 3 interface (Betrabet et a1. 
1989). 
For the case when the oxygen s~urce is the oxygen initially dissolved in the nickel, i.e. 
aSSuming a closed System, the spinel layer thickness exhibits a maximum, which is determined by 
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the difference between the initial and the threshold oxygen concentrations and the nickel 
thickness. It has been concluded that oxygen diffusion in nickel is the rate-determining step of the 
spinel formation (Trumble and Ruhle 1991). By rearranging Trumble and Ruhle's spinel layer 
thickness prediction method, and assuming a piece of nickel with a thickness of Z bonded on one 
side to Al20 3, the maximum spinel thickness (AXmax) can be predicted by 
A.r..z = P N1 oJ1.P1zutl. (ON1- 0 il) ·z 
MN1 "P.P1zutl 100 
(2.19) 
where PNi' and MNi are the density and the molar weight of nickel, respectively. 0Ni is the oxygen 
concentration in nickel (at. % ). 
For the case when the oxygen source is the oxygen diffused from the bonding 
environment, the rate determining step is the diffusion of oxygen in nickel (assuming dense 
nickel) when the thickness of nickel is large compared to the thickness of spinel. The counter 
diffusion of cations in spinel may become rate controlling when thickness of spinel become large, 
similar to that of the reaction between NiO and Ai20 3 (Betrabet et al. 1989). 
The change of thickness of nickel (AZ) can be related to the spinel thickness by the 
relation 
(2.20) 
2.4 Summ f. 
ary 0 Literature Review 
Brittle materials can be effectively toughened by the inclusion of ductile phases. The main 
toughening h' . 
mec aDIsm IS crack bridging. 
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Different microstructures of the ductile phase toughened brittle matrix composites have 
different requirements for the interfacial bond strength, thermal expansion and elastic moduli 
mismatch, and strength of the ductile phase. 
For ductile network, fibre or plate toughened brittle materials, the gauge length of these 
types of ductile phase is large. Partial debonding of the brittle matrix-ductile phase interface can 
increase the "work of rupture" of the ductile phase intercepted by a crack and can contribute to 
toughening. Thus comparatively weak interfacial bonding strength is beneficial. In most of the 
ceramic/metal systems, the erE of the ductile metal phase is greater than that of the ceramic 
matrix. Due to the large gauge length of the ductile phase, the residual stress created by the erE 
mismatch can contribute to toughening through its influence on the initial crack opening stress 
While the bridging of the crack by the ductile phase is still ensured. 
For particulate ductile phase toughened brittle materials, the gauge length of the ductile 
phase is comparatively small. If the particulate ductile phase is intercepted by a crack, partial 
debonding at the interface is difficult to control, and ductile phase pull-out is often the main 
limitation to toughening. Thus strong bonding strength is required to ensure the bridging of the 
crack by the ductile phase. In the case of ap> am' such as Al20y'Ni system of the present study, 
the residual stress created by erE mismatch is liable to cause cracks to by-pass the spherical 
particles r " 
, Imltmg the efficient use of the inherent toughness of the ductile phase. Low-modulus 
ductile inclUSions are beneficial for the bridging of cracks by the ductile phase. Softer, more 
ductile incl . USlons are more effective for the toughening of brittle materials. 
Ceramic-metal interfacial bonding can be improved by the control of wettability of the 
ceramic b h ' Y t e metal, and/or by the control of interphase formation. Better wetting at the 
interface c . 
an result 10 a higher interfacial bond strength. For the Al20:JNi system, a thin layer or 
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the initiation of NiAl20 4 spinel formation at the interface may be beneficial for the bonding at 
the interface. 
Environmental effects are crucial for determining both wetting and interphase formation 
at the interface. Oxygen can improve both the wetting of metals on alumina and the spinel 
formation at the metal-alumina interface. To achieve a better bonding at the interface, good 
wetting and at the same time the avoidance of thick interphase layer at the interface is required. 
Thus a proper control of the oxygen partial pressure in the fabrication environment is needed. 
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Table 2.1 Comparison of some general properties of various matrix and particulate 
materials (after Krstic 1983) 
-
Material E Or a 0y 
(MPax10-4) (MPa) (K-1 x106) (MPa) 
Matrix 
Glass 6-7 100(MOR)* 9 
MgO 21-30 97-130 13-9 
AI20 3 36-40 250-300 8.5 
Zr02 17-25 113-138 7.6 
Particle 
Al 7 90-165 23 12 
Ni 21 300 13.9 58 
Mo 31 689 58 689 
W 34 1240 14.5 
Fe 19-21 280 28.5 126 
Zr 480 13.7 480 
-
• MOR-
- MOdulus of Rupture 
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Table 2.2 Shear coefficient, 11, of clean metals in contact with clean sapphire. The 
change in coefficient of the contact after the metal was exposed to the 
ditTerent gases is given as All' The free energy of formation of the lowest metal 
oxide is also given. (After Pepper 1976). 
-
Ag Cu Ni Fe 
Lowest oxide Ag20 Cu20 NiO FeO 
-AGo (kcal) 2.65 34.6 51.4 58.3 
clean 11 0.08±0.03 0.22±0.05 0.67±0.05 1.17±0.12 
EXposed to +0.23 
O2, All 
+0.43 +0.48 +0.54 
EXposed to 0 -0.07 -0.52 -0.97 
C12, All 
EXposed to 0 -0.09 +0.55 
_C2H4, All 
33 
• 
Figure 2.1 Bridging of a crack by ductile reinforcements. 
steady state value 
crack length 
Figure 2.2 Schematic of resistance-curve behaviour in materials. 
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Figure 2.3 The effect of decohesion length on the force-displacement 
curve (after Ashby et aL 1989). 
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Figure 2.4 "Work of rupture" parameter against maximum nonnalised 
displacement (after Ashby et aL 1989, incorparating the data of 
Cao et aL 1989). 
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Figure 2.S Comparison of coefficient of thermal expansion 
between nickel (after Touloukian et al1977), alumina and spinel 
(after Toulouldan et al1975) at various temperatures. 
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Figure 2.6 Schematic profile of sessile drop identifying contact angle 6. 
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Figure 2.7 Effect of titanium content in liquid copper and nickel on the 
contact angle of the melts on alumina (data from Naidich 1981). 
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Figure 2.8 Dependence of surface tension of liquid metals on oxygen 
content (after Naidich 1981). 
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Figure 2.9 The effect of oxygen dissolved in the liquid metal on 
wettability of solid oxides. Ah03-Ni 1500° C, after Eremenko and 
Naidich 1960; ~~-Ni 1600°C, after Ogino and Taimatsu 1979; 
A120 3-Cu 1150°C and MgO-Cu 1150°C, after Naidich 1981. 
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0 
co 
... 
0 
bh ~ 
'0 ~ 0 
U 
200 
• (Sn-Ti)/ Al2 O, 
180 + AgJ Al 2 0 3 
III Cu/Al2 0 3 
160 .. Ni/Al 2 O, 
Cl Fe/Al 2 0 3 
140 
120 
100 
80+----r---.----.----r---.----~--~--~ 
600 800 1000 1200 1400 1600 1800 2000 2200 
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Figure 2.13 Interfacial strength and Wad values for liquid phase bonded 
alumina-metal systems (after Nicholas 1986). 
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Figure 2.14 Room temperature tensile strength of solid-state bonded 
fcc metal-sapphire (0001) interfaces versus Wad (after Klomp 1987). 
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Figure 2.15 Effect of oxygen dissolved in liquid nickel on the Wa4 of 
liquid nickel on alumina (data from Naidich 1981). 
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Figure 2.16 Comparison of oxygen affmity of metals (-~Fo ) and 
work of adhesion values (Wad) of interfaces formed with alumina 
(after McDonald and Eberhart 1965). 
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Figure 2.17 The (0001) surfaCe of sapphire showing the location of type 
A and B surface sites. 
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Figure 2.18 The liquid metal-oxide interface according to the model 
of Naidich (1981) (after DeIannay et al. 1987). 
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Figure 2.19 Molecular-orbital energies, as determined by the 
self-consistent-field X-alpha scattered wave method, for clusters 
representing bulk sapphire and metal-sapphire interfaces (after 
Iohnson and Pepper 1982). 
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Figure 2.20 Phase diagram of NiO-«-A12~ in the subsolidus region: 
(After Elrefaie and Smeltzer 1981b ). 
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Figure 2.22 Naturallogaritbni of reaction-rate constant for formation of 
NiAl20 4 as a function of reciprocal temperature (after Minford and 
Stubican 1974). 
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Figure 2.23 Qualitative phase relationships of the Ni-rich Ni-Al-O 
phase diagram as presented by Metselaar and van Loo (1988) 
showing diffusion paths for Ni/U-Al2~ couples (path 1: low 
oxygen, path 2: higher oxygen). 
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Figure 2.24 Stability diagram of the calculated oxygen concentration 
in the Ni solid solution for the [Ni(s), NiOe(1 +Xmax)Al203, a-Al20 3] 
equilibrium as a function of ' temperature (after Trumble and Riihle, 
1991). 
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Chapter 3 
General Experimental Methods 
3.1 Introduction 
In this chapter the experimental methods for the fabrication of the Alz0y'Ni composites, 
the characterisation of the composites, and the fracture toughness determination are described. 
The section on the preparation of composites outlines the raw material used for making the 
composites, powder blend preparation, the greenbody formation and consolidation by sintering 
process, and the procedure for the hot pressing of the composites. This is followed by a section 
on materials characterization which deals with density measurement, preparation of specimens for 
microstructural characterisation, and methods for the observation of microstructure and phase 
identification. Finally, experiments for fracture toughness testing, including indentation, double 
torsion, and double cantilever beam methods are given. This chapter does not give specific details 
for individual specimens. These are given in the chapter in which the specimen is first discussed. 
3.2 Preparation of Composites 
3.2.1 ]v[aterials 
The materials used for making the A120y'Ni composite material were AKP-30 (X-alumina 
Powder and nickel powder. The alumina powder was supplied by Sumitomo Chemical Co. Ltd., 
Tokyo, Japan. According to the manufacturers data, the purity of the alumina powder is 99.99% 
and the particle size is in the range 0.3 -0.5 J,Lm. The nickel powder was supplied by Goodfellow 
Advanced Materials, Cambridge, UK The purity of the nickel powder is 99.8% and particle size 
is in th 
e range of 2-7 J.Lm according to the manufacturers data. 
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3.2.2 Preparation of Powder Blends 
Two powder blends which differ in their distribution of nickel particles were prepared. For 
both powder blends the proportions of alumina and nickel were calculated to give 20 vol% nickel 
in the final product by taking the theoretical densities as 8.902 Mg m-3 for nickel (American 
Society for Metals 1979) and 3.990 Mg m-3 for alumina (Morrell 1987). The theoretical density 
of the composite is calculated to be 4.96 Mg m-3, assuming no reaction product is formed. Powder 
blend 1 was prepared by dry milling 500 g in total of alumina powder and nickel powder for 3 
hours in a polypropylene bottle. Alumina cylindrical milling media, with a total mass of half that 
of the powder blend, were added to promote mixing. It was anticipated that this method would 
produce an even distribution of discrete nickel particles throughout the composite. 
The preparation of powder blend 2 was aimed at producing an interconnecting or network 
distribution of nickel particles in the powder blend. Alumina powder was mixed with water until 
the alumina particles agglomerated. The alumina was heated to 400 °C in air, held for 4 hours 
then furnace cooled. The alumina bulk was then broken and ground into alumina aggregates. The 
alUmina aggregates ranging from 150 - 356 11m in diameter were selected by sieving. Powder 
blend 2, about 250 g in total, was prepared by dry milling the selected alumina aggregates with 
nickel POwder for 3 hours in a polypropylene bottle. Alumina cylindrical milling media with a total 
mass of a quarter of that of the powder blend were added to promote mixing. Since the alumina 
aggregates are much larger than the alumina particles of the alumina powder, the total surface 
area of unit weight alumina aggregates is much smaller than that of unit weight alumina particles. 
Thus it was anticipated that the distribution of nickel particles in powder blend 2 would tend to 
be more rk I e a network and less even than in powder blend 1. 
The powder blends were consolidated into composite specimens both by sintering and hot 
preSSing d . 
,as escnbed below. 
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3.2.3 Sintering 
Prior to sintering, greenbodies were made by both uniaxial pressing and cold isostatic 
pressing methods. For the uniaxial pressing method, greenbodies 22 mm in diameter and 
approximately 10 mm high were manufactured by uniaxially pressing about 15 g batches of powder 
in a steel die using a press (Blackhawk, Model 67627) to a pressure in the range of 30 -130 MPa. 
For the isostatic pressing method, about 15 g batches of powder was sealed in a rubber bag and 
then isostatically pressed using an cold isostatic press (Paul Weber, Masch. - u. Apparatebau, Stgt. 
- Uhlbach) under a pressure of 400 MPa to form a greenbody. 
Sintering of the greenbodies was performed in a muffle furnace (SEA, HTI6D/120). Most 
of the specimens were sintered at a temperature greater than the melting point of nickel 
(1453°C), i.e. the sintering process was liquid phase sintering. In order to investigate the effect 
of oxygen partial pressure on the properties of sintered specimens, three different powder beds 
Were used to control the sintering environment, as shown in Figure 3.1. Sintering schedules for 
SPecific composites are given later (section 4.2.2). 
3.2.4 Hot Pressing 
The facilities for hot pressing (Clark Scientific) are shown in Figure 3.2. Figure 3.3 is a 
Schematic drawing of the inside of the hot pressing furnace. About 25 g batches of powder blend 
Were hot pressed in a 25 mm diameter graphite die heated by a graphite resistance heating 
element, both of which were protected from oxidation by an argon atmosphere. In order to 
compare composite properties with those of the virgin matrix, a small amount of alumina powder 
Was hot pressed with some of the specimens. All samples were heated at 20°C per minute. On 
reaching the hot pressing temperature, a uniaxial pressure was applied. Both pressure and 
temperature were held for a certain time. The pressure was then released and the system allowed 
to COol to room temperature. Specific details of hot pressing schedules are given later (section 
4.2.3). 
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3.3 Characterisation of Composites 
3.3.1 Density Measurement 
The final density of the composite was determined by Archimedes' principle, Specimens 
from the sintered and hot pressed samples were lightly abraded, to remove the skin which is likely 
to be of a different composition to the bulk of the samples, prior to density measurement. The 
specimens were weighed first in air, and then in water, The density was calculated using the 
following equation: 
W.P.,. 
p. = API 
• 
(3.1) 
where Ps and Ws are the density and the weight of the specimen, respectively, Pw is the density 
of water, A Ws is the weight different of the specimen before and after the immersion of the 
specimen in water. 
3.3.2 Microstructural Characterisation 
Specimens for microstructural characterisation and subsequent indentation testing were 
Cut on a small bench-top cutting-off machine (Struers, Accutom) using a diamond cut-off wheel. 
The specimens were polished to a 1 !lm diamond surface finish using a semi-automatic polishing 
rna h' 
c me (Struers, Planopol-2/Pedemax-2) , 
Phase identification was performed on samples cut from the centre of sintered and hot 
pressed bOdies using X-ray diffractometry (XRD) on a Phillips PW1050 X-ray diffractometer, A 
CUKCE target with a monochrometer was used with a voltage of 46 kV and an electric current of 
35 rnA. The scanning speed was usually 20 min'l, For the quantitative phase analysis, a scanning 
speed of 0 1250 ',1 d Th d d ' I d h' , , f h 
' mm was use, e measure spacmg va ues an t e mtensltles 0 t e 
COrrespondi dOff ' 
ng I ractlon peaks were compared with the standard JCPDS (Joint Committee for 
POwde D' 
r Iffraction Studies) powder diffraction cards of the possible existing phases in the 
specimen t 
o enable phase determination, 
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Microstructural observations of polished surfaces and the fracture surfaces of the 
composite were performed using a Stereoscan 250 (Leica Cambridge) scanning electron 
microscope (SEM). The specimens were coated with carbon before the SEM observation to avoid 
the charging of the specimen. The volume fraction and particle size distribution of nickel in the 
composite was determined by an image analysing computer (Quantimet 970) on-line to a 
Cambridge Instruments Sl00 SEM operating in backscattered electron mode at 20 kV. 
Transmission electron microscopy (TEM) specimens were made by cutting a thin plate of 
about 300-400 Jlm in thickness from the bulk specimen, drilling discs 3 mm in diameter from the 
plate using a high speed drilling machine (Testbourne, Servo Products Company), polishing the 
discs to a thickness of 100-200 Jlm, dimpling on a VCR D500 dimpler to a thickness of about 
30-70 Jlm and then ion beam thinning to perforation using a Gatan Ion-Beam Thinner. A JEOL 
2000FX TEM operating at 200 kV was used to examine the specimens. 
X-ray photoelectron spectroscopy (XPS) analysis for the characterization of the surface 
of nickel powder and the Ni-Al20 3 interface was performed on a VG ESCALAB mkII X-ray 
photoelectron spectrometer. AlK4 radiation was used as the X-ray source. The shift of binding 
energy caused by the charging effect was corrected by using the shift of the C Is peak. The 
thickness of the thin surface phase of the nickel powder was estimated using an equation derived 
by Carney (1990). The equation, in the case of nickel powder, is as follows, 
(3.2) 
where t8 is the thickness of the surface layer, I is the intensity of the peak, and A is the inelastic 
mean free path of the photoelectron. Ni2+ and Nio symbolise nickel cations and nickel atoms, 
respectively. 
3.4 Fracture Toughness Determination 
3.4.1 Indentation Method 
Indentation tests were performed using a Vickers pyramid diamond hardness testing 
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machine (Vickers-Armstrongs LTD). The specimens were polished to a 1 11m diamond surface 
finish before the tests. The loads used were in the range of 10-50 kg, with a loading time of 5 
seconds. The length of radial cracks emanating from the corners of indentations were measured 
using reflected light microscopy. Results were averaged over at least ten indentations per 
specimen. SEM was used to observe the indentation crack path and ascertain the role of the 
nickel inclusions in the toughening of the composites. 
At least twenty equations for the fracture toughness evaluation by indentation method 
exist in the literature (Table 3.1) . In the present work, 20 equations have been used to calculate 
the fracture toughness of the composite and the results from different equations have been 
compared. A FORTRAN computer program has been written for this purpose. 
One input variable is the Young's modulus of the composites (Ec). This has been 
calculated using the following formula based on the uniformly distributed cubic particles in a 
matrix (mechanics of materials approach): 
2 
E +(8 -8 ).£3 
1/1 I? 1/1 
2 1 
BI/I + (BI? -BI/I) £ 3 (1-£ 3) 
(3.3) 
Where the subscripts c, p and m refer to the composite, particulate and matrix phase respectively 
and f refers to the volume fraction of nickel. The Poisson's ratio of the composite has been 
calculated using the law of mixture given below 
(3.4) 
Table 32 . 
. gives the value of Em' Ep' urn' uP' and Ec' Uc calculated by equation 3.3 and 3.4, and 
these valu. . 
es were used In subsequent fracture toughness evaluations. 
In order to obtain a more accurate measurement of the fracture toughness and to have 
an underst d' . 
an mg of the resistance curve behaviour of the composites, double torsion and double 
cantileVer b ' 
earn (DeB) testing methods were used, as described below. 
53 
Chapter 3 General Experimenull Methods 
3.4.2 Double Torsion Testing 
At the beginning of the project, facilities for fracture toughness testing allowing in situ 
observation of crack growth were not available at the University of Surrey. Initial fracture 
toughness testing was performed at the Cambridge University Engineering Department using the 
double torsion testing method. Only one specimen (H3) was tested using this method. Further 
fracture toughness testing of the specimens was performed at the University of Surrey using a 
DCB testing method which was developed in a parallel programme. The double torsion specimen 
geometry and testing arrangement are shown in Figure 3.4. Specimen dimensions were 
approximately Ip=22 mm, tp=2 mm, tw=0.35 mm. The specimen was cut from a hot pressed 
sample in such a way that the hot pressing direction was perpendicular to the surface of the plate-
like specimen. The specimen (H3) was tested in the chamber of a Cambridge Instruments 
Stereoscan SlOO, allowing in situ observation of crack growth. Loading, to a maximum of P=370 
N, was as shown in Figure 3.4 with w=9.5 mm and wm=2 mm. 
The fracture resistance, KI, was calculated using the formula 
(3.5) 
Where ~ is given by 
~ -x ~ = 1 - O.6302't' + 1.20't'exp(-) 
't' 
and 't==2tplw. u is Poisson's ratio (taken as 0.248). 
3.4.3 Double Cantilever Beam Testing 
As the project progressed further, facilities for DCB testing became available. The testing 
arrangement and specimen dimensions are shown in Figure 3.5. The specimen dimensions were 
approxim t 1 ' 
a e y Ip=22 mm, h=12 mm, tp=2 mm, tw=O.5 mm. A groove about 0.5 mm deep and 2 
mm Wide Was machined on each side of the specimen along the longitudinal centre line. This is 
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to ensure that during the DCB testing the crack does not go sideways. A notch about 3 -4 mm 
long was cut in order to initiate a crack during the test. The specimens were tested in the 
chamber of a Cambridge Instruments Stereoscan Sl00, allowing in situ obselVation of crack 
growth. 
The fracture resistance of the specimen was calculated using the following modified DCB 
formula (after Trusty 1992) 
(3.6) 
Where b is the distance from crack tip to the loading axis. 
3.5 Summary 
This chapter has outlined the general experimental techniques used to prepare, 
characterise and test two types of Al20~i composite specimens. 
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Table 3.1 Modified equations for fracture toughness calculation (after Ponton and Rawlings 
1989, Liang et al. 1989) 
No. 
Radial-median (Halfpenny-shaped) crack equations 
1 Kc=0.0101P/(ac1/ 2) 
2 Kc=0.0515P/c3/
2 
3 Kc=0.079(p/a3/ 2)log(4.5a/c) for 0.6sc/a<4.5 
4 Kc=0.0824P/c3/
2 
5 K =0. 4636 (p/a3/ 2)(E/H )2/5(1if)-
c v 
6 Kc=O. 0141 (p/a3/ 2) (E/Hv)2/5log(8. 4a/c) 
7 Kc=0.0134(E/Hv)I/2p/c3/2 
8 Kc=0.0154(E/Hv)I/2p /c3/2 
9 Kc=0.0330(E/Hv)2/5p /c3/2 for c/a~2.5 
10 Kc=O. 0363 (E/Hv)2/5(p/a1. 5) (a/c) 1.56 
11 Kc=0.0232[f(E/Hv)]p/(a/c1/ 2)t for c/as~2.8 
12 Kc=0.0417[f(E/Hv)]p/(aO.42cl·08)t for c/a~2.8 
13 Kc=0.0095(E/Hv)2/3p /c3/2 
14 Kc=0.022(E/Hv)2/5p/c3/2 
15 Kc=O. 035 (E/Hv) 1/4p/c3/2 
Palmqvist crack equations 
16 Kc=0.0089(E/Hv)2/5p/(all/2) for ~0.25sl/as~2.5 
17 Kc=0.0122(E/Hv)2/5p/(all/2) for 1sl/as2.5 
18 Kc=0.0319P/(al1/2) 
19 Kc=O. o 143 (E/Hv)2/3(a/l) 1/2 (P/c3/2 ) 
Liang et aI's equation 
-
Ref. 
Lawn & Swain (1975) 
Lawn & FUller (1975) 
Evans & Hilshaw (1976) 
Evans & Charles (1976) 
Evans (1979) 
Blendell (1979) 
Lawn et al. (1980) 
Anstis et al. (1981) 
Niihara et al. (1982) 
Lankford (1982) 
Miranzo & Moya (1984) 
Miranzo & Moya (1984) 
Laugier (1985) 
Laugier (1985) 
Tanaka (1987) 
Niihara et al. (1982) 
Niihara (1983) 
Shetty et al. (1985) 
Laugier (1987) 
Liang et al. (1989) 
Where F=-1.59-0.34B-2.02B2+11.23B3-24.97B4+16.32B5 and B=log(c/a) 
; Where f(E/Hv)=[(~2/6)-1.5]/O.75, in which 6=2(1+3In~)/3 and ~=O.768(E/Hv)O.~ 
Where F(v)=14{1-8[(4v-O.5)/(1+v)]4} 
(Unless stated otherwise, for halfpenny crack equations it is implicitly assumed 
that cIa ~ ---2) 
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Table 3.2 Young's modulus and Poisson's ratio of alumina, nickel and the composite 
Material Young's modulus/GPa Poisson's Ratio 
398.3a 
Ni 
357.2 0.248 0.278 
-
a Morrell 1987 
b Liang et al 1990 
C American Society for Metals 1979 
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50% graphite powder 
+ 
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alumina crucible 
graphite powder 
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alumina crucible 
graphite powder 
~...ffiH-- alumina powder 
specimen 
alumina crucible 
(c) 
Figure 3.1 Schematic of the different powder beds for the sintering of the 
composites. (a) powder bed A, (bJ powder bed B, (c) powder bed C. 
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Figure 3.2 Facilities for the hot pressing of the composites. 
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Figure 3.3 Schematic of the hot pressing furnace. 
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Figure 3.4 Double torsion specimen geometry and test arrangement. 
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Figure 3.5 Double cantilever beam specimen geometry and testing arrangement. 
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Chapter 4 
Microstructure and Fracture 
Toughness of the Composites 
4.1 Introduction 
This chapter deals with the fabrication, characterisation and evaluation of fracture 
toughness of the first set of Al20y'Ni composites that were investigated. The first part of the 
chapter discusses the microstructures that were developed as a consequence of the various 
processing routes. The second part presents the results of the fracture toughness testing and 
discusses these in the context of the microstructural characterisation and fruitful avenues for 
further study. 
4.2 Microstructure of the Composites 
4.2.1 The Composite Powders 
The alumina powder, the nickel powder and the powder blend 1 have been investigated 
Using SEM. The alumina powder is in the form of agglomerates (Figure 4.1). Most of the 
agglomerates range from a few micrometres to about 100 micro metres in diameter. The nickel 
particles are more or less spherical in shape, with a rough surface (Figure 4.2). In order to 
determine whether or not there is a layer of NiO or Ni(OHh at the surface of the nickel 
particles, XPS has been used to characterize the nickel powder. The binding energy of Ni 2P3f2 
for Ni, NiO, and Ni(OHh are 852.8, 854.4 and 855.8, and 855.7 eV, respectively (Salvati et al 
1981). The Ni 2P3f2 peak for NiO should have a multiple splitting. The XPS spectrum of the 
POWder (Figure 4.3) shows no multiple ~plitting of the Ni 2P312 peak and from the position of the 
63 
Chapler 4 Microstructure and Fracture Toughness of the Composites 
peak it can be seen that the surface of the nickel particles is composed of a layer of the Ni(OHh 
phase. The thickness of this layer was estimated using equation 3.2. The '" value for Ni 2p is 
1.08 nm. &timating the ratio of the intensity of the Ni2+ and Nio peaks to be 3.4 (from Figure 
4.3), the calculated thickness of the Ni(OHh layer at the surface of the nickel particles is about 
0.8nm. 
Figure 4.4 is a SEM photomicrograph of powder blend 1. It can be seen that the 
composite powder is quite evenly mixed. Most of the nickel particles stick to the alumina 
agglomerates. This is because the nickel particles are very soft and deformable, and during the 
milling process the alumina cylindrical milling media can press the nickel particles onto the 
alumina agglomerates. 
4.2.2 Sintered Composites 
Greenbodies for sintering were made by both uniaxial pressing and cold isostatic pressing 
methods. Greenbodies made by cold uniaxial pressing were found to be broken easily. A wide 
range of pressures (30 to 130 MPa) have been tried, but cracks inside the greenbodies were not 
aVoided, making the sintered specimens unsuitable for most applications. The cracks are likely to 
be due to rebound on unloading and stresses produced by the non-uniform density as a result of 
POwder particle friction, between each other and also with the die walls. This problem of non-
uniformity can be overcome by the application of an isostatic pressure. Greenbodies made by cold 
isOstatic pressing were not easily broken, and no cracking was observed in the sintered specimens. 
Thus cold isostatic pressing is a suitable method for the fabrication of greenbodies. 
The sintering schedules, densities and microstructural characteristics of the sintered 
COmposites are summarised in Table 4.1. It can be seen that the sintering environment and 
temperature influences greatly the sintering products and specimen properties. Specimen S1 and 
S2 were sintered in air, at temperatures below and above the melting point of nickel, respectively. 
Specimen Sl is crumbly, brittle and greenish-blue in colour. The greenish-blue colour of the 
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specimens is an indication of the existence of spinel (NiAl20 4). X-ray diffraction showed that the 
specimen is mostly composed of spinel, with a small amount of alumina, nickel and nickel oxide. 
In this system there are potentially two routes for spinel formation. One route is that spinel 
results from the reaction of alumina with nickel oxide. The other route is that spinel forms at the 
Al20 3-Ni interface when the oxygen content in the nickel or the oxygen partial pressure at the 
interface is greater than a critical value. Spinel formation in specimen S1 is probably through the 
first route, because the densification process of solid state sintering is slow and this allows time 
for sufficient amount of oxygen to enter the specimen and oxidize the nickel. Formation of spinel 
before the specimen becomes dense will stop the densification process by forming a continuous 
skeleton of spinel, which in turn will make it more easy for oxygen to come into the specimen. 
The low density of specimen S1 may be due to the formation of a large amount of spinel which 
forms a continuous solid skeleton and stops the densification process. 
The sintering temperature of specimen S2 is well above the melting point of nickel. Since 
the nickel is in the liquid state during the sintering, the densification process should be faster than 
that of specimen Sl. SEM observation showed that the centre area of the specimen is composed 
of dense Al20 fNi composite material, and the outer part of the specimen, which is very brittle, 
is mainly composed of NiAl20 4 spinel (Figure 4.5). At the outer part of the specimen, with 
SUfficient oxygen in the sintering environment, the nickel, alumina and oxygen can react to form 
spinel. However, near the centre where the oxygen content of the environment is lower, the 
microstructure comprises an alumina matrix with a distribution of nickel particles (Figure 4.6). 
From the observations of specimen S1 and S2, it can be seen that air is not a suitable 
environment for sintering because the high oxygen partial pressure results in the formation of a 
large amount of spinel. Thus, in an attempt to control the oxygen partial pressure in the 
environment, three powder beds were used. In powder bed A (Figure 3.1 a), the specimen (S3) 
Was bUried in a mixture of 50% alumina powder and 50% graphite powder. The graphite powder 
generates a reducing atmosphere. The oxygen partial pressure in this powder bed is lower than 
that in air, but is still higher than that required for spinel formation as a substantial amount of 
spinel was detected by XRD. The specimen is brittle and dark blue in colour. Its density is lower 
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than that of specimens sintered in powder beds Band C. 
In powder bed B (Figure 3.1 b), the specimen (S4) was buried in graphite powder. The 
oxygen partial pressure in this case is about 1.5x10-16 at 1550°C (SGTE Substance Data File 
1987), and is lower than that required for spinel formation. The specimen is composed of alumina 
and nickel. The specimen is dense and dark grey in colour. However, during the sintering process 
some of the liquid nickel came out of the bulk of the specimen and stayed on its surface as 
droplets. This is called "sweating". Sweating of the composite can result in the loss of nickel metal 
from the bulk of the specimen. The nearer to the surface of the specimen, the greater the loss 
of nickel. Sweating is detrimental to the material homogeneity and loss of nickel will prevent 
toughening of the composite material. Sweating may be due to poor wetting between liquid nickel 
and alumina. Alumina is not readily wetted by liquid and solid metals (Calowet al. 1971, Naidich 
1981). However, wettability of nickel on alumina can be markedly improved by increasing the 
oxygen content in nickel':(Figure 2.9). Thus to avoid both sweating and spinel formation, a proper 
COntrol of the oxygen partial pressure in the sintering environment is needed. Powder bed C has 
been used to meet such a requirement. 
In powder bed C (Figure 3.1 c), the specimens (S5/S6) was embedded in alumina powder 
then surrounded by graphite powder. Specimens S5 and S6 have the highest density and are dark 
grey in colour. No loss of nickel was observed for the two specimens. SEM photomicrographs of 
the microstructure of S5 are shown in Figure 4.7. The nickel particles are evenly distributed in 
the alumina matrix. Pores up to 10 11m in size can be observed. No spinel formation was detected 
by XRD. The oxygen partial pressure in this case is such that a substantial amount of spinel 
formation is avoided, but improved wetting of nickel on alumina is achieved, and sweating of the 
specimen is prevented. 
Therefore, powder bed C is the most suitable of the three powder beds that have been 
tested and has been shown to be suitable for the sintering of the present composite material. 
Dense composite materials with a distribution of nickel particles in the alumina matrix can be 
made using this powder bed. 
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4.2.3 Hot Pressed Composites 
Table 4.2 reports the schedules, densities and microstructural characteristics of the hot 
pressed samples. Hot pressed specimens are denser than sintered specimens. It can be seen that 
it is possible to produce a composite which contains only alumina and nickel and is very close to 
the theoretical density. 
A SEM photomicrograph of a microstructure, typical of the hot pressed specimens made 
from powder blend 1, is shown in Figure 4.8. It can be seen that nickel particles are evenly 
distributed throughout the matrix. Hot pressing can introduce a small amount of anisotropy. The 
nickel grains are slightly elongated in the direction perpendicular to the pressing direction. Figure 
4.9 shows a typical microstructure of the alumina matrix in the hot pressed specimens. The 
average grain size is about 0.45 11m, i. e. within the 0.3 -0.5 11m range of the raw alumina powder, 
indicating that alumina grains did not grow substantially during the hot pressing process. It can 
be seen that the alumina matrix is quite dense, in accordance with the result of the density 
measurements by Archimedes' principle. Occasionally, porosity can be observed, as shown in 
Figure 4.10 a and 4.10 b. Sometimes defects can also be observed in alumina grains, such as 
dislocations, sub grain boundaries, and occasionally stacking faults (Figure 4.11). Figure 4.12 is a 
transmission electron micrograph of a typical Al20 3-Ni interface. There is no evidence of a 
significant amount of the spinel phase at the interface. High resolution TEM (HREM) 
Photomicrographs (Figure 4.13) shows small irregularities exist at the Al20 3-Ni interface. This may 
be caused by the dissolution of a small amount of alumina in nickel. Such a dissolution has been 
identified by Lewis et al. (1962), Dramsky at al. (1962), Seybolt (1968) and Mehan (1972). A high 
density of dislocations (Figure 4.14) and some twin boundaries (Figure 4.15) exist in the nickel 
phase. Selected area diffraction patterns show that the twins are {Ill} twins. These defects are 
mOst likely to be due to the mismatch in the coefficients of thermal expansion of nickel and 
alUmina (Figure 2.5) causing the nickel to experience stresses during cooling from the processing 
temperature. 
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The microstructure of the specimen made from powder blend 2 ( specimen H6) is shown 
in Figure 4.16. Nickel is distributed along the boundaries of the alumina aggregates and most of 
them are in contact with one an other, making a network-like microstructure. Thus, the nickel 
phase is more continuous than that of the composites made from powder blend 1. The alumina 
agglomerates are elongated in the direction perpendicular to the hot pressing direction. The 
average size of the agglomerates measured on a cross section parallel to the hot pressing direction 
is 165x65 f.Lm. 
4.2.4 Summary of Microstructural Observations 
The alumina powder is in the form of agglomerates, ranging from a few micrometers to 
about 100 micrometers in diameter. The nickel particles, with a rough surface, are more or less 
spherical in shape. A surface layer of Ni(OH)z which is about 0.8 nm thick exists on the nickel 
particles. Powder blend 1 is quite evenly mixed, with the nickel particles sticking to the alumina 
agglomerates. 
Sintering environment is crucial in determining the characteristics of the sintering product. 
A proper control of the sintering process can eliminate the occurrence of both spinel formation 
and sweating, and can produce a dense composite material. 
Hot pressing can produce a dense Al20:JNi composite close to theoretical density. Two 
COmposite microstructures, i.e. a dispersive distribution of nickel particles and a network 
distribution of nickel particles in an alumina matrix, have been produced. For the first 
microstructure, the nickel particles are elongated slightly in the direction perpendicular to the 
presSing direction and are distributed evenly in the alumina matrix. For the second microstructure, 
the nickel phase is more continuous; the alumina aggregates have an average size of 165x65 Ilm 
on a cross section parallel to the hot pressing direction. 
TEM observations have shown that both the nickel and the alumina contain defects. In 
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particular, the nickel has a high density of dislocations which is presumed to result from thermal 
stresses resulting from a mismatch in the coefficient of thermal expansion of the two phases 
present in the composites. 
4.3 Hardness and Fracture Toughness of the Composites 
4.3.1 The Indentation Method for Fracture Toughness Evaluation 
4.3.1.1 Hardness and Indentation Fracture Toughness of the Composites 
The indentation method of assessing fracture toughness was chosen because it is quick and 
easy to perform, can be used on smaller specimens than would be required for more conventional 
fracture toughness determinations and gives a good indication of relative performance. Also, it 
is probably the most relevant fracture toughness test for assessing wear resistance, an important 
factor in the use of this class of material. 
However, the indentation method has certain drawbacks. One is the diversity of 
indentation fracture toughness equations and their restriction to a certain crack profile (median 
Or Palmqvist. Figure 4.17) and certain materials (Ponton and Rawlings 1989a, Ponton and 
Rawlings 1989b, Dietz and Tietz 1990). i. e. there are 4 equations that are on the basis of 
Palmqvist cracks and 15 equations that are on the basis of well developed radial-median, 
'halfpenny-shaped' cracks (Table 3.1). In a real material it is likely that the cracks do not belong 
to either of the idealized crack systems. Another drawback is that for certain composite materials. 
SUch as Fe particle toughened alumina, indentations produce no reproducible radial cracks and 
a ·d WI e range of responses are observed (Sun et al. 1990). These unusual effects are not 
considered in any of the existing equations for the calculation of toughness, and the calculation 
will not produce a consistent estimation of fracture toughness. Still another drawback is that in 
this type of testing only short cracks are generated and these may he insufficient to develop a 
Complete hridging zone. Thus. the recorded fracture toughness value may correspond to some 
Point on the resistance-curve and not the steady-state value. 
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To overcome the difficulty of calculating the fracture toughness of materials with possibly 
non-idealized indentation crack systems, Liang et al. (1989) developed a universal equation. This 
takes into account the effect of Poisson's ratio (u) of the material, and the authors suggest that 
toughness values calculated using this equation are independent of the crack profile and of the 
applied load. This equation has been used successfully for the toughness evaluation of an alumina 
material and a zirconia-toughened alumina system. Although the consideration of Poisson's ratio 
in the equation is on an empirical basis, under the condition that the crack profile is unknown or 
non-idealized, it may be more suitable to use this equation to evaluate indentation fracture 
toughness. Therefore, in the present work Liang et al.'s equation is mainly used for the fracture 
toughness evaluation and the other 19 equations have been used for comparison with this 
equation. 
Appendix 1 reports the measured radial crack lengths and half-diagonal lengths for various 
indentation loads for specimens (alumina, S6, H1, H2, H3, H4, HS, H6). The corresponding 
hardness and calculated fracture toughness using Liang et al.'s equation is given in Appendix 2. 
The mean values of hardness and fracture toughness of the specimens are given in Table 4.3. The 
selection of the value of the Poisson's ratio of alumina is crucial in the toughness calculation using 
Liang et al.'s equation (Figure 4.18). Published values of Poisson's ratio of hot pressed alumina 
range from about 0.22 to 0.27 (Morrell 1987, Liang et al. 1989). Taking values of Poisson's ratio 
of hot pressed alumina as 0.27 (Liang et al. 1989) and 0.232 (the mean value given by Morrell 
1987), results in large differences in the toughness calculated using Liang et al.'s equation. Liang 
et al.'s value of Poisson's ratio of alumina is the upper bound found in the literature. Taking the 
value of Poisson's ratio presented by Morrell (1987) is probably more reasonable. 
Clearly, adding nickel to alumina lowers the average hardness as would be expected. The 
indentation fracture toughness values of the composite specimens are higher than that of hot 
pressed alumina. Specimens made by hot pressing are tougher than specimens made by sintering. 
This is because more intimate Al20 3-Ni interfaces may be formed by hot pressing than by 
Sintering. 
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4.3.1.2 Comparison of the Equations for Determining Indentation Fracture Toughness 
In this section, results from the 15 equations based on well developed radial-median cracks 
and the 4 equations based on well developed Palmqvist cracks are compared with the results using 
Liang et ai's equation. For the alumina specimen, the cIa and Va values are in the range of 5-6 
and 4-6, respectively (see appendix 1). Thus equations 3, 11, 16 and 17 in Table 3.1 are not 
applicable to the alumina specimen, because the cIa or Va limits of the equations are not satisfied. 
All the other equations have been used to estimate the fracture toughness of alumina. For the 
composites, the cIa and Va values are in the range of 1.5-2.5 and 0.5-1.5 (see appendix 1), 
respectively. Because the cIa or Va limits are not satisfied for equations 9, 12 and 17 in Table 3.1, 
these equations are not applicable to the composites. All the other equations have been used to 
calculate the fracture toughness of the composites. Although most of the halfpenny equations 
assume that cIa ~ -2, these equations can be used to estimate the fracture toughness of the 
composites approximately because most of the cIa values of the composites are close to 2. 
Indentation fracture toughness results calculated using Liang et aI's equation and the other 
19 equations listed in Table 3.1 are given in Table 4.4. Comparing the fracture toughness values 
of the composites calculated using Liang et aI's equation with other equations, it can be seen that 
the absolute values of fracture toughness calculated using equation 5, 8, 14 and 18 are very close 
to that of the Liang et ai's equation and the ranking orders of fracture toughness values of the 
indentations are also exactly the same or very similar. Equation 4, 6, 7, 15 and 16 also correlate 
Well with Liang et aI's equations in both absolute values and ranking order of fracture toughness 
of the indentations. Ponton and Rawlings (1989) have ranked the frequency of satisfactory 
performance by indentation equations for sixteen materials, the first 5 best correlated equations 
are ranked as follows: equation 10 is the best; equation 5 and 18 are second; equation 4 and 19 
are third. For the present composite material, fracture toughness values calculated using equation 
10 and 4 are much greater than that of Liang et aI's equation. However the fracture toughness 
values calculated using equation 4, 5, and 18 are quite close to the result using Liang et aI's 
equation in both absolute value and ranking order. 
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Bearing in mind that the indentation technique for fracture toughness evaluation is not 
very accurate, equation 4, 5, 6, 7, 8, 14, 15, 16, 18 and Liang at aI's equation can all be used to 
roughly estimate the fracture toughness of the composites. 
4.3.1.3 Observation of Crack Interactions with the Nickel Particles 
To gain the maximum benefit from the nickel phase it must participate in crack bridging. 
SEM obsetvations has been used to investigated the degree of bridging of indentation cracks in 
the composite materials. For the specimens with microstructures consisting of dispersed nickel 
particles, bridging of indentation cracks by nickel particles can be obsetved sometimes (Figure 
4.19). However, in many cases indentation cracks go along the Al20 3-Ni interface (Figure 4.20). 
This is due to the weak bonding between nickel and alumina and this limits greatly the efficient 
use of the inherent toughness of nickel in the composite. For the network microstructure 
specimen (H6), bridging of indentation crack by the nickel phase can be obsetved frequently 
(Figure 4.21). This is because the nickel phase is more continuous, and even if the bonding 
between nickel and alumina is weak, it is difficult for the indentation cracks to avoid the nickel. 
Thus the inherent toughness of the nickel phase is more efficiently used in the network 
Illicrostructure than in the particulate dispersion microstructure. Based on this obsetvation, it 
would be predicted that the fracture toughness of the specimen with a network microstructure 
(1I6) would be higher than the specimens with a particulate dispersion microstructure. However, 
the indentation results show that the fracture toughness values of the two microstructures are 
quite similar, contradicting with the obsetvation of ductile nickel-crack interaction. The 
Inconsistency is discussed in the following section. 
4.3.1.4 Problems of the Indentation Method for the Fracture Toughness Evaluation of 
the Composites 
Figure 4.22 shows an indentation in the alumina matrix and higher magnification 
Photomicrographs of the cracks surround!ng the indentations. The indentation in the alumina is 
Well-formed, with clear edges and straight radial cracks emanating from the indentation corners. 
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Therefore, there is no problem with the toughness evaluation by indentation method for the 
alumina material. Indentations in the composites with the microstructure consisting of a dispersive 
distribution and a network distribution of the nickel phase are shown in Figure 4.23 and Figure 
4.24, respectively. The indentation in the composites with the dispersive particle microstructure 
is not so well-formed. Regions of deformation and cracking in an unusual manner exist around 
the indentations (Figure 4.23). Energy consumed by these unusual effects is not considered in the 
existing indentation toughness equations. This results in an over-estimation of the fracture 
toughness of this material. Regions of deformation and cracking also exist around the indentations 
in the composite with the network microstructure (Figure 4.24), but the extent of deformation 
and cracking is less severe than that in the particulate dispersion microstructure. 
If the material shows resistance-curve behaviour, and if the cracks are relatively short, i.e., 
shorter than the length of the fully developed process zone, the plateau value of Kc will not be 
reached and the toughness will be under-estimated. 
The two opposite effects on the indentation fracture toughness might cancel partially. For 
the composites with the microstructure of discrete nickel particles, the over-estimation due to 
regions of deformation and unusual cracking may be dominant. For the composite with the 
network microstructure, since the nickel phase is more continuous, the indentation cracks may be 
Illuch shorter than the fully developed process zone, and the under-estimation may be the 
dOlllinant factor. For these materials, the indentation method is not a satisfactory method of 
characterisation. Thus other methods were sought and these are discussed below. 
4.3.2 Double Torsion Testing Results and Discussion 
The relationship between the stress intensity factor (Kr) and the crack length obtained by 
double torsion for specimen H3 is shown in Figure 4.25. The composite exhibits resistance-curve 
behaviour, i.e. the resistance to crack growth initially increases with crack length then approaches 
a steady-state value. The experimental results are summarized in Table 4.5. The initial KI is 
representative of the fracture toughness of the parent alumina matrix. The plateau Kr value 
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corresponds to the fracture toughness of the composite. The matrix toughness value is in 
agreement with values obtained by indentation toughness equations, confirming that the 
indentation method is suitable for the assessment of fracture toughness in materials which develop 
the classical crack patterns. Fracture toughness of specimen H3 is not as high as would be 
expected from some of the indentation toughness results, indicating the over-estimation of 
fracture toughness of the specimen by indentation method. 
4.3.3 Double Cantilever Beam Testing Results and Discussions 
Dimensions of specimen H3 and H6 for DCB testing are given in Table 4.6. Results of 
the DCB testing of specimens H3 and H6 are shown in Table 4.7 and 4.8, with the corresponding 
relationship between the stress intensity factor (KI) and the increase in crack length (t:.. C) shown 
in Figure 4.26. Resistance-curve behaviour is also observed by this method for these specimens. 
The toughness values of both the composites with the particulate dispersion microstructure (H3) 
and the network microstructure (H6) are higher than that of the parent matrix. The fracture 
toughness increment over alumina achieved by specimen H3 is comparatively small (t:..K1c=2.5 
MPa mIll, assuming the fracture toughness of alumina is 3.1 from the indentation toughness 
result). Specimen H6 is much tougher than both the alumina matrix (t:..K1c=10 MPa mIll) and 
specimen H3. The fracture toughness of specimen H3 is in good agreement with the DT testing 
resUlts, indicating good agreement between the two testing methods for the present composites. 
The fracture toughness of the composite with the particulate dispersion microstructure 
(lI3) is much lower than the value obtained by indentation testing. However the fracture 
tOughness of the composite with the network microstructure (H6) is much higher than the 
indentation value. These observations confirm that the indentation method over-estimates the 
fracture toughness of the composite with the microstructure of discrete nickel particles and under-
estimates the fracture toughness of the composite with the network microstructure. It is 
unfortunate that indentation behaviour can only be used as a very rough guide to toughness in 
the composite systems since it is very quick and convenient compared to other fracture toughness 
tests. 
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Figure 4.27 shows the fracture surface of specimen H3. A lot of holes exist on the fracture 
surface, indicating pull-out of the nickel particles and a weak bonding between the nickel and the 
alumina matrix. This seriously restricts the plastic deformation of the nickel particles during the 
fracture of the composite and is the main limitation for toughening. Occasionally, nickel particles 
that have been stretched to failure can be observed (Figure 4.28), and these particles contribute 
more to toughening. The effect of interfacial bond strength on toughening is linked to the 
influence on the extent of debonding. A degree of partial debonding of the interface is beneficial 
since it will result in a larger crack opening displacement upon ductile phase rupture, and 
therefore a longer process zone and a higher fracture toughness. However, partial debonding of 
the interface is very difficult to control for the particulate ductile phase. The influencing factors 
include the interfacial bond strength, the size of particulate ductile phase and the state of stress 
at the ductile phase-matrix interface. If there is a range of particle sizes, the partial debonding of 
the comparatively large particles will probably be accompanied by the complete debonding of the 
relatively small particles. Obviously this is detrimental to the toughening of the composite 
material. Therefore, in practice it is beneficial to create strong Al20 3-Ni interfaces in the 
composites with the microstructure of discrete nickel particles. 
The excellent toughness of specimen H6 is attributed to the network distribution of the 
nickel phase. This makes the nickel phase more continuous and plate-like, and therefore increases 
the gauge length of the ductile nickel. In the case of small gauge lengths of the ductile phase, if 
the interfacial bonding is not strong enough, the ductile phase is very liable to be pulled out, 
hindering its contribution to toughening. However, in the case of large gauge lengths of the 
ductile phase, even if the interfacial bonding between the ductile phase and the brittle matrix is 
weak, the ductile phase is very difficult to pull out. In addition, the partial debonding at the 
interface can increase further the contribution of the ductile phase to the toughening of the 
composite. Figure 4.29 shows the fracture surface of specimen H6. The nickel phase, mostly in 
the shape of plates, has been stretched to failure by necking to a line and extensively plastically 
deformed. This has been aided by the partial debonding at the interface. 
The toughness increment and the process zone length of the composite is determined by 
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the ductility, the gauge length and strain state of the ductile phase as well as the interfacial bond 
strength between ductile phase and brittle matrix. It is desirable to obtain maximum toughness at 
a comparatively short process zone. For the particulate dispersion microstructure (specimen H3), 
for a 1 mm crack length the fracture resistance is about 4 MPa ml12 (Figure 4.26). For the 
network microstructure (specimen H6), the fracture resistance at 1 mm crack length is 8.3 MPa 
ml12 (Figure 4.26), twice as much as that for specimen H3. Therefore, the network microstructure 
has a more desirable R-curve behaviour than the particulate dispersion microstructure. 
4.3.4 Summary of Hardness and Fracture Toughness Observations 
The hardness values of all the composite specimens are lower than the values for pure 
alumina. The fracture toughness of the composite material has been evaluated by indentation, 
double torsion and double cantilever beam methods. In all cases, the composite was found to be 
tougher than the virgin alumina. 
The indentation method does not give an accurate fracture toughness value for this 
COmposite material because of two effects: one is that regions of deformation and unusual 
cracking exist around the indentations, and the energy consumed by this is not considered in any 
of the equations for indentation fracture toughness calculation, over-estimating the fracture 
tOUghness of the composites; the other is that the indentation cracks are always shorter than the 
fUlly developed process zone, under-estimating the fracture toughness. For the specimens with the 
particulate dispersion microstructure, the first effect is dominant, and the fracture toughness is 
generally over-estimated by the indentation method. For specimens with the network 
ll1icrostructure, the second effect is dominant, and the fracture toughness is under-estimated by 
the indentation method. 
DCB and DT testing methods are assumed to give a comparatively accurate fracture 
tOughness value of the composites. The fracture toughness of the composite with a network 
Illicrostructure (KIc=13 MPa mll2) is much higher than the composite with a microstructure of 
dispersed particles (KIc =5.6 MPa mV2). F~r the particulate dispersion microstructure, the main 
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limitation to toughening is the lack of plastic deformation of the ductile nickel due to the pull-out 
of nickel particles, indicating weak bonding at the Ni-Al20 3 interface. For the network 
microstructure composite, the gauge length of the ductile phase is much larger, allowing the 
ductile nickel to stretch to failure between the crack faces. A large extent of plastic deformation 
of the nickel has been observed. The weak bonding at the Ni-Al20 3 interface can promote partial 
debonding and contribute further to toughening. 
4.4 Conclusions 
Al20y'Ni composite materials, have been made by both sintering and hot pressing 
techniques. Sintering environment is crucial for the fabrication of the sintered composites. A 
proper control of the sintering process can avoid the detrimental occurrence of both spinel 
formation and "sweating", and produce a dense composite material. Hot pressing can produce a 
dense composite close to theoretical density. Two composite microstructures, i.e. a dispersive 
distribution of nickel particles and a network distribution of nickel particles in alumina matrix, 
have been produced. 
Fracture toughness of the composite material has been measured by indentation, double 
torsion and double cantilever beam methods. The composites have been found to be tougher than 
the virgin alumina matrix by all the methods. The composite with the network microstructure is 
much tougher than the composite with the microstructure of discrete nickel particles. It has been 
observed that weak bonding between the alumina and nickel limits the toughening increment in 
the composite with the discrete particulates of nickel. Problems with the indentation method for 
fracture toughness estimation of the composites have been highlighted. 
The effectiveness of the nickel phase is discussed in the next chapter. The values predicted 
by theory are compared with the experimental results presented in this chapter. 
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Table 4.1 Sintering schedule and observations of the specimens 
Specimen S1 S2* S3 S4 S5 
Composite 1 1 1 1 1 
Powder 
Environment air air powder powder powder 
bed A bed B bed C 
Temperature;oC 1450 1550 1550 1550 1550 
Time/min 60 60 60 60 60 
Density/Mg m-3 3.84 4.71 4.81 4.85 
(% theoretical) (77.4) (95.0) (97.0) (97.8) 
Sweating no no no yes no 
green- green- dark dark dark grey; 
ish ish green; grey; no no spinel; 
Observations blue; blue; spinel spinel; no loss of 
spinel spinel formed but loss nickel 
formed formed of nickel 
Powder beds: A 50/50 mix of graphite powder and alumina powder 
B graphite powder 
S6 
1 
powder 
bed C 
1480 
30 
4.83 
(97.4) 
no 
dark 
grey; no 
spinel; 
no loss 
of nickel 
C specimen embedded in alumina powder then surrounded by graphite 
powder 
... This specimen was made by A. Colclough 
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Table 4.2 Hot pressing schedules and observations 
Specimen Composite Temp Pressure Time Density 
Powder ;oC /MPa /min /%theor 
HI 1 1350 55.5 30 
H2 1 1375 20 30 
H3 1 1400 30 30 99.6 
H4 1 1350 30 30 98.9 
H5 1 1375 30 30 99.4 
H6 2 1400 30 30 99.2 
Table 4.3 Mean hardness and fracture toughness of the hot pressed 
alumina and the composites 
Specimen Hardness/GPa Kcind(a)/MPa m'h 
AI20 3 23.3 4.2 
S6 9.2 9.3 
HI 11.7 11.5 
H2 10.7 9.8 
H3 10.4 11.4 
H4 10.5 11.2 
H5 10.4 11.2 
=-
H6 8.9 10.6 
(a) Poisson's ratio of alumina u=0.27 (Liang et ai, 1990). 
(b) Poisson's ratio of alumina u=0.232 (Morrell, 1987). 
Observations 
AI20 3 + Ni 
particles 
AI20 3 + Ni 
particles 
AI20 3 + Ni 
particles 
AI20 3 + Ni 
particles 
AI20 3 + Ni 
particles 
AI20 3 + Ni 
network 
Kcind(b)/MPa m';' 
3.1 
6.7 
8.3 
7.1 
8.2 
8.1 
8.1 
7.7 
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Table 4.4 Mean fracture toughness (MPa ml/2) of the alumina and the composites 
calculated using the 20 equations in Table 3.1 
Eq. No. Alumina S H1 H2 H3 H4 H5 H6 
Radial-median crack 
1 1 .7 1 .5 1 .9 1 .7 1.8 1.7 1 .7 1 .5 
2 1 .6 3.5 4.9 4.0 4.7 4.6 4.6 4.1 
3 *** 5.5 7.2 6.0 7.0 6.9 6.9 6.2 
4 2.6 5.7 7.8 6.4 7.5 7.4 7.3 6.6 
5 3.2 7.7 8.8 7.9 8.6 8.6 8.6 7.7 
6 3.4 7.8 9.1 8.1 8.9 8.8 8.9 8.0 
7 1 .8 5.7 7.0 6.0 7.1 7.0 7.0 6.5 
8 2.0 6.6 8.1 6.9 8.2 8.0 8.0 7.4 
9 3.3 *** *** *** *** *** *** *** 
10 3.3 10.3 13.0 10.9 13.1 12.8 12.8 11 .7 
11 *** 10.3 10.4 10.0 10.7 10.6 10.6 9.8 
12 3.4 *** *** *** *** *** *** *** 
13 2.0 7.5 8.8 7.6 9.1 8.9 8.9 8.3 
14 2.2 6.5 8.2 6.9 8.2 8.1 8.1 7.4 
15 2.3 6.0 7.8 6.5 7.7 7.5 7.5 6.9 
Palmqvist crack 
16 *** 7.8 9.5 8.3 9.2 9.1 9.1 8.3 
17 *** 10.7 13.0 11. 4 12.6 12.5 12.5 11 .3 
18 6.1 6.5 8.6 7.3 8.0 8.0 7.9 7.0 
19 1 .5 10.6 14.3 11. 2 14.5 14.1 14.0 13.3 
Liang at al's equation 
20 3.1 6.7 8.3 7.1 8.2 8.1 8.1 7.7 
-
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Table 4.5 Results of the double torsion tests 
Specimen Initial KI Plateau KI AKI Proc. Zone 
IMPa mIl, IMPa mY, IMPa mY> length/mm 
H3 3.6 5.4 1.8 1.1 
Table 4.6 Dimensions of specimen H3 and H6 for the DCB fracture toughness testing. 
specimen h/mm IJmm t.,lmm tjmm ljmm bJmm 
H3 6.21 20.8 2.11 0.93 3.96 5.70 
H6 5.97 21.1 2.43 1.32 2.60 4.50 
Table 4.7 Double cantilever beam testing results of specimen H3 
Load/N Crack Length/mm K1/MPa mU2 
76.22 1.50 4.45 
80.22 3.68 5.57 
Table 4.8 Double cantilever beam testing results of specimen H6 
Load/N Crack Length/mm KI/MPa mU2 
206.21 0.85 8.23 
207.35 1.45 8.80 
212.07 1.70 9.22 
216.93 2.50 10.16 
I-
221.08 2.93 10.75 
222.37 5.33 13.05 ~ 
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Figure 4.1 SEM photomicrograph (secondary electron image) showing the 
microstructure of the alumina powder. 
Figure 4.2 SEM photomicrograph (secondary electron image) showing the 
microstructure of the nickel powder. 
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Figure 4.3 XPS of Ni 2p region taken from the nickel powder. 
Figure 4.4 SEM photomicrograph (secondary electron image) of the powder 
blend 1 showing that the nickel particles stick to the surface of alumina 
agglomerates. 
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Figure 4.5 SEM photomicrograph (back scattered electron image) of the 
sintered specimen S2 showing that the outer part of the specimen is mainly 
composed of spinel, and the inner part of the specimen is an alumina matrix 
with a dispersion of nickel 
.. . . .... . 
Figure 4.6 Microstructure near ~e centre of specimen S2 (SEM, back 
scattered electron image). 
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Figure 4.7 (a) SEM photomicrograph (mixed mode) showing the microstructure 
of specimen S5; (b) same as (a), but higher magnification. 
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Figure 4.8 (a) SEM photomicrograph (mixed mode) showing the microstructure 
of the hot pressed composite specimen (H3); (b) same as (a), but higher 
magnification. 
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Figure 4.9 (a) Microstructure of the alumina matrix in the hot pressed 
composites (TEM); (b) same as (a), but higher magnification. 
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200nm 
Figure 4.10 (a) and (b) Porosity in the alumina matrix of the hot pressed 
composites (TEM). 
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300nm 
Figure 4.11 TEM photomicrograph showing the defects in the alumina 
matrix of the hot pressed composites. 
lOOnm 
Figure 4.12 TEM photomicrograph showing the Al20 3 -Ni interface in the 
hot pressed composite specimen H3. 
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Figure 4.13 HREM of the A120 3-Ni interface in the hot pressed composites. 
Figure 4.14 Existence of dense dislocations in the nickel particles of the 
hot pressed composites (TEM). 
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[011 ] 
Figure 4.15 (a) Existence of twins boundaries in the nickel particles of the 
hot pressed composites (TEM). (b) The corresponding electron diffraction 
pattern shows that these are {Ill} twins. 
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Figure 4.16 (a) SEM photomicrograph (back scattered electron image) showing 
the network microstructure of specimen H6; (b) same as (a), but higher 
magnification. 
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Figure 4.17 Schematic view of the crack formation associated with Vickers 
indentation. 
93 
16 
14 
-. 12 ;. 
'-" ~ 
10 
8 
6 
4 
2 
0.16 0. 18 0 .2 0 .22 0.24 0 .26 0.28 0.3 
V 
Figure 4.18 Variation of F(v) against Poisson's ratio (v) (from Liang et aL 
1989). 
Figure 4.19 Bridging of an indtmtation crack by nickel particles in the hot 
pressed specimen H3 (SEM, mixed mode electron image). 
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Figure 4.20 SEM photomicrograph (mixed mode electron image) showing a 
indentation crack going along the Al20 3 - Ni interface in specimen H3. 
Figure 4.21 Bridging of an indentation crack by the nickel phase in the hot 
pressed specimen H6 (SEM, mixed mode electron image) . 
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Figure 4.22 (a) Indentation in the hot pressed alumina, with (b) higher 
magnification photomicrograph of the cracks surrounding the indentation 
(SEM, secondary electron image). 
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Figure 4.23 Indentation in the hot pressed specimen H3, showing regions of 
deformation and cracking in a unusual manner around the indentation (SEM, 
secondary electron image). 
Figure 4.24 Indentation in thl{ hot pressed specimen H6 (SEM, secondary 
electron image). 
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Figure 4.25 Stress intensity factor against crack length obtained by DT 
testing method for specimen H3. 
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Figure 4.26 Stress intensity factor against crack length obtained by the DeB 
testing method for specimens H3 and H6. 
98 
Figure 4.27 Fracture surface of the hot pressed specimen H3, showing the 
holes left by the pull-out of the nickel particles (SEM, secondary electron 
image). 
Figure 4.28 A nickel particle which has failed by necking to a line in the 
hot pressed specimen H3 (SEM, secondary electron image). 
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Figure 4.29 (a), (b) and (c) Different magnification of SEM photomicrograghs 
(secondary electron image) showing the fracture surface of specimen H6. 
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Chapter 5 
Theoretical Evaluation of Toughness 
5.1 Introduction 
For the ductile phase toughened brittle materials, toughening is derived mainly from the 
mechanism of crack bridging. In order to estimate the efficiency of the ductile nickel phase 
contribution to the toughness of the present composites, an estimation of the maximum 
theoretical fracture toughness of the composites has been made from modifications of existing 
equations. This estimation is then compared with the fracture toughness values measured by 
indentation, DT, and DCB testing methods for both the discrete particle microstructure and the 
network microstructure composites. 
5.2 Equations for Toughness Calculation Taking into Account a Ductile Phase Size 
Distribution 
Recapping from section 2.2.2, the toughening increment due to crack bridging by a ductile 
reinforcement can be estimated from 
(2.2) 
in Which X is a "work-of-rupture" parameter and is given by 
(2.3) 
Estimations of X have been made from cylindrical test specimens of various materials (Ashby et 
at. 1989, Cao et al. 1989, Deve et al. 1990). For a real composite material, a reinforcement size 
distribution needs to be considered. Flinn et al. (1989) estimated aG of AI reinforced Al20 3, 
taking into account the size distribution effect by modifying equation 2.2 to give: 
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(5.1) 
where r is the mean particle size, and u· Ir the mean value of u· If. However, the following 
discussion will show that such a calculation of tJ.. G is not accurate if there is a large range of 
reinforcement sizes. 
A more accurate calculation of the toughness increment needs to consider the effect of 
each ductile particle individually. The corresponding "work-of-rupture" parameter of an individual 
ductile reinforcement is given by 
(5.2) 
where the subscript i refers to the ith reinforcement particle, and ri is the radius of the ith 
reinforcement. Flinn et al.(1989) found, by stereo measurement of the fracture surface of 
Al20-JAl composites, that there is no systematic dependence of u/lri on rio Thus, it is reasonable 
to assume that crack displacement upon rupture (u *) of each ductile phase is proportional to its 
radius. Then from Figure 2.4 
where N is the number of ductile reinforcements intercepted by the crack in the selected area. 
'Ibe total toughness increment is then given by 
11 11 
AG= E AG1 =xayEE £1r l 
1=1 1=1 
(5.3) 
Where fi is ratio of the area of ith reinforcement on the crack surface to the total area (S) of 
ductile reinforcements in the selected area of crack surface, and is expressed by 
(5.4) 
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If 
then 
N 
r.ff=E £1r 1 
1=1 
(5.5) 
(5.6) 
ref( can be considered to be the effective reinforcement radius. In the real composite material, 
ut Irj can be obtained by stereographic measurements of the crack surface. X in this case is 
replaced by X(?7ij which can be obtained from Figure 2.4. f1 G in the case of a wide reinforcement 
size distribution is then given by 
(5.7) 
The error of the toughness increment calculation in using equation 5.1 can be shown from the 
ratio 
'Ibis means that equation 5.1 genenilly underestimates the contribution to toughening of crack 
b' 
ridging by the ductile phase. Only when all the particles are the same size does f1G=f1G'. For 
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an extreme condition, assuming r1 is very large and (r2+r3+ "'rN) is quite small, then reulr=N. 
This implies that equation 5.1 may considerably underestimate the toughness increment if the 
reinforcement has a large particle size distribution. 
5.3 Particle Size Distribution in the Composites Made from Powder Blend 1 
Quantitative image analysis of a hot pressed 20 vol% nickel particle toughened A120 3 
(H3) was carried out to determine the particle size distribution. A total of 2926 particles were 
analyzed and the particle size distribution is shown in Figure 5.1. reff and r were found to be 
6.3 11m and 1.6 11m, respectively, and aG/aG'=3.9. This means that use of the equation of Flinn 
et al. (equation 5.1) would underestimate the possible toughening increment by a factor of 4. 
5.4 Maximum Achievable Fracture Toughness for the Composites with Discrete Particle 
Microstructure 
The fracture toughness increment due to crack bridging by the nickel inclusions in the 
COmposite material has been evaluated using equation 5.7. The volume fraction of nickel particles 
in the composite material was measured as f=20%, using an image analysing computer on-line 
to a Cambridge Instruments Sl00 SEM. The yield strength of nickel was taken from the work of 
Tuan and Brook (1990). These workers reduced pellets of nickel oxide at the same time as 
fabricating their A120JNi composite. The yield stress of the nickel was estimated to be one third 
of its hardness, i.e. 257 MPa for the nickel produced at 1600 0c. Neglecting the elastic 
deformation of the composite, the critical crack opening displacement is related to the plastic 
deformation of nickel. The large difference in the coefficient of thermal expansion between nickel 
and alumina (Figure 2.5) suggests that the nickel will be deformed plastically as a result of the 
thermal stresses on cooling from the hot pressing temperature. The high dislocation density in the 
nickel particles in the composite supports this suggestion (see Figure 4.14). It is thus reasonable 
to estimate the elongation (Ie) of the nickel particles to be the same as that of cold drawn pure 
n" lckel (Ie=25%, "Metals Reference Book" 1976). 
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An estimation of the maximum toughness increment due to the inclusion of nickel 
particles can be made by assuming that debonding has developed to its maximum extent and that 
the particles intercepted by the propagating crack have been stretched and rupture has occurred 
in the middle of the particle (Figure 5.2). This corresponds to the most efficient use of the nickel 
particles in the composite material. Thus, the maximum normalised displacement is 
From the X versus u· Ir master curve of Ashby et al. (Figure 2.4) the maximum work of fracture 
parameter is Xmax=1.2. The maximum toughness increment calculated using equation 5.7 is 
AGmax=389 J m
o2
• The corresponding critical energy release rate of the alumina matrix can be 
calculated using 
(5.8) 
Taking the fracture toughness of the alumina matrix as 3.1 MPa m Yz, the critical energy release 
rate of alumina is 24.1 J mo2• The maximum toughness of the composite is then given by 
(5.9) 
and the value is 413.1 J mo2• The corresponding maximum fracture toughness of the composite 
in terms of critical stress intensity factor is given by 
(5.10 ) 
The calculated maximum fracture toughness is 12.1 MPa ml/2• The maximum fracture toughness 
increment is then 9.0 MPa mlf2. 
The above estimation gives an upper limit of fracture toughness increment due to crack 
bridging by ductile nickel particles in the composite. However, it is not realistic to expect this in 
the real material. In the real material if the debonding length is greater than the half particle 
radius, then the ductile particle is liable to be pulled out without being stretched to rupture. Even 
if the particle can be stretched to failure, the fracture is likely to occur at a place away from the 
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centre of the particle. This will limit the amount of plastic stretching of the ductile particle. 
To make a more realistic estimation of the maximum achievable toughness increment by 
inclusion of nickel in an alumina matrix, we assume that the optimum debonding length for 
toughening is equal to the half of particle radius (Figure 5.3). Then 
From the X versus u -/r master curve (Figure 2.4), the corresponding maximum work of fracture 
parameter is Xmax=0.6. The maximum toughness increment calculated by equation 5.7 is 
(AGldmax=194 J m-2• This corresponds to an maximum fracture toughness of 8.8 MPa ml/2 and 
a fracture toughness increment of (AKldmax=5.7 MPa ml12. 
5.5 Estimation of Fracture Toughness for the Composite with the Network 
Microstructure 
For the network microstructure composite, the nickel can be considered to be in two 
different morphologies: roughly spherical and plate-like (Figure 4.16). As the crack propagates 
in the composite, the nickel particles are always pulled-out (Figure 5.4), without contributing to 
toughening. The nickel plates, however, are more continuous than the nickel particles, allowing 
a large extent of debonding at the Ni-Al20 3 interface and substantial plastic deformation without 
being pulled-out. Thus the contribution of toughening in this composite is mainly derived from 
the crack bridging by the nickel plates. The optimum microstructure is one in which 100% of the 
nickel phase is in the shape of plates and the plates are aligned perpendicular to the crack. The 
percentage of the nickel phase in the shape of nickel plates was measured using RLM by the line 
intersection method. The measurement was done on 10 lines in different directions on the 
pOlished surface of the specimen. The percentage of nickel phase in the shape of plates is 81 %. 
In the case of ductile plate toughened brittle materials, the crack opening displacement 
is normalized with the half thickness of the plates (tp) in the equation for fracture toughness 
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calculation (Flinn et al. 1989). The toughness increment is then expressed by 
(5.11) 
and 
(5.12) 
If there is a ductile phase size distribution in the composites, using the same method as 
described in 5.2, the toughness increment is given by 
(5.13) 
and 
(5.14) 
where tj and lj are the half thickness and length of the ith reinforcement, respectively. 
It is not possible to estimate a maximum theoretical value of u • Ith for the composite with 
the network microstructure of the nickel particles, but the actual debonding and ductile nickel 
stretching can be measured and used to predict the fracture toughness. Stereo measurement of 
the crack opening displacement upon rupture, u', the interfacial debonding length, d, and the half 
thickness of the ductile phase was performed on the fracture surface of the network 
microstructure specimen using SEM. Photomicrographs of stereo pairs, with the angle between 
the electron beam and the normal of the fracture surface at 0° and 10°, were taken on 10 nickel 
plates selected randomly. Figure 5.5 shows a stereo pair of a nickel plate. Stereo measurement 
Was performed on the stereo pairs, as shown in Figure 5.6. The results are given in Table 5.1. It 
should be noted that sometimes the u· value is negative as shown in the table. This is due to the 
large extent of debonding at the interrace and the fracture of the plates below one side of the 
fracture surface. Figure 5.7 shows a SEM photomicrograph of a plate fractured in this way. The 
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negative value of u· is not meaningful physically. However, in the statistical treatment the 
acceptance of a negative u· value on the side below the surface fracture of the plate will cancel 
the possible overestimation of u· of the same nickel plate on the other side of the fracture 
surface. Using the measured data, the value of teff and u· Ith were calculated to be 5.26 Ilm and 
0.94, respectively. From Figure 2.4 and the u' Ith value, the work of rupture parameter, X, is 
estimated to be 2.2. Neglecting the small contribution of the nickel particles to toughening, the 
toughness increment calculated using equation 5.13 is 481.8 J m-2. The corresponding fracture 
toughness and fracture toughness increment of the composite, taking a fracture toughness value 
of the alumina matrix as 3.1 MPa mlll, are 13.4 and 10.3 MPa mI12, respectively. 
From Table 5.1 it can be seen that the d/th values for most of the nickel plates are greater 
than 1. However, for the ductile particles, the dlr value can never be greater than 1, otherwise 
particle pull-out will occur. The large extent of debonding at the Al20~i interface of the nickel 
plates is beneficial for the efficient use of the inherent toughness of the nickel phase. 
5.6 Comparison of Estimates with Experimental Observations 
For the particulate dispersion microstructure, indentation fracture toughness tests show 
a fracture toughness increment of about 5-6 MPa mYl for hot pressed specimens taking the 
Poisson's ratio as 0.232 (Table 3.2). These fracture toughness increments are close to or greater 
than the estimated maximum fracture toughness increment (5.7 MPa mI12). Since it is clear that 
the nickel particles are not stretching very much in the composites, an overestimation of the 
fracture toughness by indentation method is obvious. Double torsion and double cantilever beam 
tests give a more realistic measurement of the fracture toughness increment (1.9-2.6 MPa m Yl). 
Comparing the double torsion and double cantilever beam tests with the predicated toughening 
increment, it can be seen that the inherent toughness of nickel particles in the composite is not 
being used efficiently. This is consistent with the SEM observation of the indentation cracks and 
fracture surfaces of the composites showing that the nickel phase is barely deformed plastically. 
Poor bonding at the Al20 3-Ni interfa~e results in pull-out of the nickel particles between crack 
faces, limiting greatly the contribution of the nickel particles to toughening. Thus the weak 
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bonding of the A1z03-Ni interface is the main reason why the estimated toughening increment 
is not observed in practice. To make efficient use of the inherent toughness of nickel particles in 
the composite, the bonding between the alumina and the nickel needs to be strengthened. Oxygen 
has a great effect on the interfacial chemistry of the A1z03-Ni interface, and an optimum control 
of the oxygen partial pressure at the interface can produce a chemically and mechanically 
strengthened interface and is beneficial for the toughening of the composites. This will be 
discussed in Chapter 6. 
For the network microstructure, the fracture toughness measured by indentation tests (7.7 
MPa mllz) is much smaller than the calculated value (13.4 MPa ml !2) based on the experimental 
data of the size, geometry and deformation of the nickel phase on the fracture surface. This shows 
the underestimation of fracture toughness of the composite by indentation method. The fracture 
toughness measured by DCB method (13.1 MPa ml !2) is in good agreement with the calculated 
value, supporting the view that the toughness increment of the composite is mainly derived from 
the crack bridging mechanism of the nickel plates in the composite material. 
5.7 Conclusions 
A toughness equation which considers a particle size distribution has been developed. This 
equation is more appropriate than the equations in previous work which always underestimate the 
achievable toughening increment in cases where there is a range of particle sizes. 
By comparing the predicted and experimentally measured fracture toughness of the 
composites, it can be seen that for the composite with the particulate distribution microstructure, 
the inherent toughness of the nickel particles in the composites is not used efficiently. The main 
limitation for toughening is the poor bonding between the nickel particles and the alumina matrix. 
Ways of improving the bonding are addressed in the next chapter. 
For the composite with the neJwork microstructure, most of the nickel phase (about 81 %) 
COntributes efficiently to toughening, and the calculated fracture toughness (13.4 MPa mI !2) based 
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on the experimental data of the size, geometry and deformation of the nickel phase on the 
fracture surface is in good agreement with the value measured by the DCB method. A large 
extent of partial debonding at the interface allows extensive plastic deformation of the nickel 
plates. The inherent toughness of the nickel phase is used more effectively in this composite than 
in the composite with the particulate dispersion microstructure. 
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Table 5.1 Results of stereo measurement of the thickness (2th), length (lp), crack opening 
displacement upon rupture (u*) and the length of interfacial debonding (d) 
of the nickel plates on the fracture surface. 
No. 2tt/Jlm IJJlm Yzu*/Jlm U*/th d/Jlm d/th 
1 13.5 46.9 3.6 1.07 6.5 0.96 
2 1.2 42.2 0.7 2.33 1.7 2.83 
3 3.5 43.8 3.1 3.54 7.7 4.40 
4 8.7 22.8 0.6 0.28 2.4 0.55 
5 2.4 37.3 2.1 3.50 2.8 2.33 
6 3.1 30.9 -1.3 -1.68 1.8 1.16 
7 9.5 39.5 -7.5 -3.16 16.2 3.41 
8 3.4 50.8 1.3 1.53 2.0 1.18 
9 6.6 82.9 0.9 0.55 0.7 0.21 
10 15.2 73.6 5.6 1.47 5.1 0.67 
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Figure 5.1 Nickel particle size distribution in the hot pressed composites 
measured by quantitative image analysis. 
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Figure 5.2 Schematic of the assumed most efficient use of the ductile particle. 
Debonding has developed to its maximum extent and rupture has occurred in 
the middle of the particle. 
Figure 5.3 Schmatic of a more realistic interaction between a crack and a 
particle. The debonding length of the interface is equal to the half particle 
radius. 
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Figure 5.4 SEM photomicrograph (secondary electron image) showing the 
pull-out of the spherical nickel particles in specimen H6. 
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Figure 5.5 SEM photomicrograph (secondary electron image) of stereo pairs 
of a nickel plate in specimen H6, with the angle between the electron beam 
and the normal of the fracture surface as: (a) e=oo; (b)e=10°. 
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Electron Beam 
~ u*= (at - ao cosO)/sinO 
u*/2 
~ . ..I. ...... . 
Figure 5.6 Schematic showing the stereo measurement of u*/2. The 
debonding length (d) can be measured in the same way. 
Figure 5.7 SEM photomicrograph (secondary electron image) showing 
large extent of debonding at the Ah03-Ni interface and fracture of a 
ductile phase below the fracture surface. 
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Chapter 6 
The Effect of Oxygen on the AI20 3-Ni Interface 
6.1 Introduction 
Chapters 4 and 5 have indicated that to make good use of the inherent toughness of the 
nickel particles dispersed in the alumina matrix, strong bonding between the alumina and the 
nickel in the composite material is required. The beneficial effect of a moderate amount of oxygen 
in the environment on the bonding of nickel to alumina has been cited in several works (e.g de 
Bruin et al. 1972, Pepper 1976, Bailey and Bobidge 1981). Thus, this chapter considers the effect 
of oxygen partial pressure on the wetting of alumina by nickel and spinel formation. Results of 
two experimental studies, in which the oxygen partial pressure changes with position in the 
specimen and time are presented. 
6.2 Critical Oxygen Partial Pressures for Spinel Formation and Wetting 
6.2.1 Calculation of Critical Oxygen Partial Pressure for Spinel Formation 
Formation of NiAl20 4 spinel can occur either through the reaction of Al20 3 with NiO or 
the reaction of Al20 3 with nickel at an oxygen activity greater than a critical value which is 
dependent on the temperature. For the present fabrication process of the Al20:JNi composite 
material, however, the spinel formation is assumed to be mainly through the latter reaction. 
NiAl20 4 has considerable solubility for cx-Al20 3; the product of solid solution is expressed 
as NiO.(1 +x)Al20 3• Maximum values of x vary with temperature; the maximum value of x ranges 
from 0.27 at 1000 ac to 2.17 at 1920 ac. 
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The formation of AlZ0 3-saturated nickel aluminate spinel below and above the melting 
point of nickel is expressed as 
(6.1.) 
(6.2) 
The standard Gibbs free energy of the first reaction was experimentally measured by Lenev and 
Novokhatskii (1965) in the temperature range 1173 to 1673 K and is given by 
AQ; = -242,1.00+74.62' (:1:2000) J mol-1 (6.3) 
Assuming unit activity for the solid phases, the relationship between the standard Gibbs 
free energy and the equilibrium oxygen partial pressure of the [Ni(s), NiO-(1 +x)AlZ0 3, cx-AlZ0 3] 
equilibrium can be written as 
A~ = -R2' In (_1._) 
p1/2 
~ 
thus, by rearranging equation 6.4 and equating with 6.3, equation 6.5 is obtained: 
log p~ = 
= -25,293:1:208 + 7.79 (1.1. 73 Ie < 2' < 1.673 Ie) 
2' 
(6.4) 
(6.5) 
The oxygen partial pressure for [Ni(l), NiO'(1 +x)Al20 3, cx-Al20 3] equilibrium was 
tneasured by Jacob (1986). This is expressed as 
log p = -27,1.00 + 8.822 (:1:0.01.8) (1730 K < 2' < 1975 K) (6.6) ~ 2' 
Neglecting the error limits as they are small, equation 6.5 and 6.6 are plotted in Figure 
6.1. It can be seen that the log of the equilibrium oxygen partial pressure of the [Ni, 
NiO'(1+x)A120 3, a-A120 3] equilibrium ranges from -13.8 (at 900 0c) to -4.9 (at 1700 0c). 
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6.2.2 Calculation of Critical Oxygen Partial Pressure for Wetting 
The variation of contact angle of nickel on alumina with the oxygen content of liquid 
nickel at 15000C and 1600°C has been studied by Eremenko and Naidich (1960) and Kazumi and 
Hitoshi (1979). respectively. Their findings are shown in Figure 2.9. To control the fabrication 
environment of the composite it is more convenient to relate the contact angle to oxygen partial 
pressure. This can be done by converting the oxygen contents in liquid nickel to the oxygen partial 
pressures in equilibrium with them. The reaction is expressed as 
(6.7) 
The equilibrium constant for the reaction can be written as 
(6.8) 
Where Co is the activity coefficient of oxygen. The standard free energy and the activity coefficient 
of the reaction in the temperature range 1730 to 1975 K have been obtained by Jacob (1986). and 
are given by 
AG; = -72,930 - 7.112' (:f:840) J gr.at.-1 (6.9) 
log £0 = (-5;0 + 0.216) (at.% [0]) (6.10) 
The partial pressure of the oxygen in equilibrium with the oxygen dissolved in liquid nickel can 
be expressed by 
10gP~ = 210:~ AGe + 210g (at.% [0]) + 210g£0 
= 
7618.8 +1000 (at% [0] ) :1:87.8 _ 0.743 + 
2' 
+ 0.432 (at%[O]) + 210g(at.% [0]) (6.11) 
Using equation 6.11 and the data of Figure 2.9, the variation of the contact angle of nickel 
on alumina with oxygen partial pressure at 1500°C and 1600°C can be obtained (Figure 6.2 and 
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Figure 6.3). Wettability improves with increasing oxygen partial pressure. The critical oxygen 
partial pressure necessary for wetting to occur (8 < 90°) at 1500 °C has a log value of -5.8, i.e. 
to-5.8 atmosphere. 
For liquid metals in contact with alumina, if the relation between the surface tension and 
Oxygen partial pressure is known at a given temperature, the variation of contact angle with 
oxygen partial pressure can be estimated roughly using the theoretical model developed by 
Mehrotra and Chaklader (1985) (equations 2.7, 2.8 and 2.9). At 1500°C, since the variation of 
surface tension with oxygen content of the nickel is known (Figure 2.8), the variation of the 
surface tension of nickel with logP02 can be obtained using equation 6.11 (Figure 6.4), and thus 
the variation of contact angle with oxygen partial pressure can be calculated. The literature does 
not appear to provide a relation between surface tension of nickel and oxygen partial pressure 
(or oxygen content) at a temperature more close to the hot pressing temperature (1400°C). It has 
been pointed out by Mehrotra and Chaklader (1985) that the effect of temperature on the Y1g of 
Ag and Cu is comparatively small, i.e. a 100"C difference in temperature on Ylg values of Cu falls 
Within the limits of experimental and computational errors. For the Ylg values of Ni at various 
oxygen partial pressures, it is assumed here that the effect of a 100 °C difference also would not 
introduce much error. Therefore, the variation of surface tension with oxygen content in nickel 
between the temperature range 1453 °C to 1550 °C was taken to be the value at 1500 0c. The 
parameters used for the calculation, YI/' YlgC, 10gPol, logP02C, roo and m, were obtained using 
the methods as described in the work of Mehrotra and Chaklader (1985). Calculated contact 
angles versus logP02 at 1453 °C, 1500 °C and 1550°C are very close. Thus only that at 1500 °C 
is plotted (Figure 6.2). 
The calculated critical oxygen partial pressure for wetting at 1453, 1500, and 1550 °C has 
log values of -6.570, -6.577, and -6.583, respectively, indicating that the effect of temperature on 
the critical oxygen partial pressure for wetting is negligible. Although some discrepancies exist 
between the theoretically calculated and experimentally measured values of critical oxygen partial 
pressure for wetting, it can be assumed that the effect of temperature on the wetting of alumina 
by nickel is small in the temperature range 1453 to 1550 0c. Thus the critical oxygen partial 
. Pressure for wetting in this temperature range can be taken as that at 1500 0c. To avoid the 
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possible errors resulting from the use of the theoretical model developed by Mehrotra and 
Chaklader (1985), the critical oxygen partial pressure for wetting in this temperature range is 
taken from the calculation using equation 6.11 and the data of Eremenko and Naidich (1960) 
(iogP02=-5.7, Figure 6.2). 
6.2.3 Comparison of Oxygen Partial Pressures for Wetting and Spinel Formation 
Comparing the critical oxygen partial pressure for wetting and spinel formation, it can be 
seen that from 1453°C to 15500C the critical oxygen partial pressure for wetting (roughly around 
logP02=-5.7) is higher than that for spinel formation (logP02=-6.88 - -6.04, Figure 6.1). At 
16()()DC, no wetting is expected to be achieved at the critical oxygen partial pressure for spinel 
formation (logP02=-5.65) (see Figure 6.3). Thus from the melting point of nickel to 1600°C, the 
critical oxygen pressure for wetting is higher than that for spinel formation. 
Comparing the variation of contact angle with oxygen partial pressure at 1500°C and 
1600°C, it seems that the critical oxygen partial for wetting increases with increase in temperature. 
The critical oxygen partial pressure for wetting at the hot pressing temperature (1400°C) is 
unknown. However, since the hot pressing temperature is very close to the melting point of 
nickel, and the solution of oxygen can further reduce the melting point of nickel, it is assumed 
that the critical oxygen partial pressure for wetting is close to that at the melting point of nickel, 
Which should be a little less than that at 1500°C (logP02=-5.7). 
Thus the theoretical considerations predict that whenever wetting can occur, it is 
aCCompanied by spinel formation. 
6.3 Experimental Procedures 
6.3.1 Introduction 
In order to investigate the effect of oxygen on the Al20 3-Ni interface, two different 
methods were used to produce a variation in oxygen partial pressure with position and time in the 
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composite specimens. It was anticipated that the variation of oxygen partial pressure would 
produce a variation in both wetting and spinel formation at the Al20 3-Ni interface, and thus 
create a variety of microstructures within the specimens. 
6.3.2 Production of Specimen H7 
The first method involved heat treating powder blend 1 in air at 750°C for 20 minutes 
to partially oxidise the nickel particles, and then hot pressing the powder blend at 1400 °C for 30 
minutes under a pressure of 30 MPa in a graphite die. The specimen made by this method was 
labelled H7. A gradient of oxygen partial pressure is expected to exist, varying from reducing at 
the outside of the specimen to much more oxidising at the centre of the specimen. Additionally, 
the oxygen partial pressure is expected to decrease with increasing time as the reducing 
atmosphere is liable to penetrate the centre of the specimen as densification proceeds. 
6.3.3 Production of Specimen S7 
The second method involved sintering a composite greenbody in a alumina powder bed 
(Figure 6.5). The specimen made by this method was designated as 87. The oxygen partial 
pressure at the outside of the specimen was expected to be more oxidising than that at the centre, 
Which is the opposite to that using the first method. The oxygen partial pressure increases with 
Increasing time as the oxidizing atmosphere penetrates into the specimen before the densification 
of the specimen, also opposite to that of the first method. The microstructures of the composites 
Were characterised using RLM, 8EM and TEM techniques. 
6.4 Variation of Microstmcture with Oxygen Partial Pressure in Specimen H7 
6.4.1 Oxygen Partial Pressure Distribution in the Specimen during Hot Pressing 
At the hot pressing temperature, the graphite die creates a reducing atmosphere which 
can reduce the NiO on the surface of the nickel particles. The oxygen partial pressure in 
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equilibrium with graphite at 1400 °C is 10-16 (SGTE Substance Data File 1987). However, it is 
expected that the atmosphere reaching the centre of the specimen will not be so reducing as that 
at the edge of the specimen. Since the nickel particles are oxidised partially and some air exists 
in the spaces between the powder particles, the oxygen partial pressure at the centre may be 
higher than the equilibrium oxygen partial pressure for the co-existence of Ni and NiO at the start 
of the hot pressing process. The standard Gibbs free energy for the Ni and NiO can be expressed 
as (Steele 1968) 
(6.12) 
AG60 = -234300 +85.22' (9001C( 2'( 14001C) (6.13) 
The equilibrium oxygen pressure for the co-existence of Ni and NiO thus is given by 
logPOt =- 24~77 +8.9 (9001C( 2'(1400K) (6.14) 
It is assumed that extending the temperature range of equation 6.14 to the hot pressing 
temperature (1400 0c) will not introduce much error. Thus at 1400 °C the oxygen partial pressure 
for the co-existence of Ni and NiO has been estimated from equation 6.14 to be logP02=-5.7. 
Therefore, a gradient of oxygen partial pressure is expected to exist, varying from reducing 
(logP02=-16) at the outside of the specimen to much less reducing (logP02>-5.7) at the centre 
of the specimen. Before the densification of the specimen, the atmosphere can flow through the 
spaces between the powder particles from the edge to the centre. Thus the oxygen partial 
pressure decreases with increasing time at a certain specimen position before the densification of 
the specimen. The postulated oxygen partial pressure distribution in the composite at the 
beginning and at the end of the hot pressing process is schematically shown in Figure 6.6. 
In Figure 6.6 the critical oxygen partial pressure for spinel formation is derived from 
equation 6.5. As no data on the wetting of alumina by solid nickel has been found, and since the 
hot pressing temperature (1400 °C) is close to the melting point of nickel (1453 °C), and solution 
of oxygen in nickel can reduce the melting point of nickel further, the critical oxygen partial 
Pressure for wetting of alumina by solid nickel at the hot pressing temperature is taken as being 
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equal to the value for wetting of alumina by liquid nickel at the melting point of nickel, which 
should be a little less than that at 1500 DC (logP02=-5.7). The plateau region of the oxygen partial 
pressure distribution at the beginning of the hot pressing process corresponds to the region in 
which nickel oxide is being reduced. 
6.4.2 Variation of Microstructure with Oxygen Partial Pressure 
The microstructure of the specimen varied dramatically with position and hence is believed 
to vary with oxygen partial pressure. Figure 6.7 is a section through the centre of the specimen, 
perpendicular to the pressing direction. The change of colour of the specimen with oxygen partial 
pressure can be observed. There are three main regions, the inner blue region, the outer grey 
region, and the narrow transition region between them. Figure 6.8 shows the variation of colour 
with specimen position using dark field light microscopy. The blue colour is an indication of 
existence of spinel phase. Thus the nearer to the centre, the more the spinel phase has been 
formed. Reflected light microscopy observation (Figure 6.9) shows that within the grey region the 
number of nickel particles remains unchanged. However, the number of nickel particles decreases 
with decreasing distance to the centre in the transition and blue regions. SEM observation shows 
that the decrease in the number of the nickel particles is due to an increase in NiAl20 4 spinel 
formation (which consumes the nickel). The boundary between the grey and transition regions 
COrresponds roughly to the position of the start of spinel formation. 
SEM observation of the microstructural variation with position in the specimen is shown 
in Figure 6.10, where the alumina is black, the nickel is white, and the spinel is grey. Near the 
edge of the specimen only nickel and alumina exist. The microstructure is very similar to that of 
the hot pressed specimens without a pre-consolidation heat-treatment. The shape of the nickel 
Particles is roughly spherical (Figure 6.10 a). Closer to the centre, and before reaching the 
transition region, the shape of the nickel particles becomes more irregular and no spinel phase 
exists (Figure 6.10 b). Even closer to the centre (Figure 6.10 c), spinel formation occurs, and each 
nickel particle is surrounded by a layer of irregularly shaped spinel. At the centre of the specimen 
a large amount of spinel exists. ' 
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The variation of microstructure with position in the specimen can be explained by 
reference to the schematic of the change in oxygen partial pressure in the specimen during the 
hot pressing process (Figure 6.6). During the heating up process the reducing atmosphere created 
by the graphite die may penetrate into the specimen. Thus when reaching the hot pressing 
temperature, a gradient of oxygen partial pressure exists in the specimen. In region HI, at the 
beginning of the hot pressing process, the oxygen partial pressure is lower than that required for 
the wetting of alumina by nickel. Wetting does not occur in this region. At the end of the hot 
pressing process, the oxygen partial pressure falls below that required to stabilise the spinel phase. 
Spinel may form near the inner part of this region at first, but is reduced to alumina and nickel 
again near the end of the hot pressing process. 
In region HII, at the beginning of the hot pressing process, the oxygen partial pressure 
is higher than that required for wetting as well as for spinel formation. In order to establish 
Whether or not wetting of the alumina grains can occur before a substantial amount of spinel 
phase forms, calculation of the rates of the penetration and spinel formation has been performed. 
Penetration of nickel between alumina grains can be simulated as a liquid filling a capillary 
gap (D). Milner (1958) in a theoretical study of the principles related to wetting and spreading 
has derived an equation to relate the time (t) to fill a capillary gap of length (Ie) as 
(6.15) 
Where e is the equilibrium contact angle and 'Il is the viscosity of the liquid. Milner's equation can 
be extended readily to the case of a flowing solid. The viscosity and surface tension of the solid 
nickel at the hot pressing temperature (1400°C) are 5.4 mPa sand 1.87 J m-2, respectively (Egry 
1993). Simulating the penetration as solid nickel filling a capillary gap of 1 11m wide and 10 11m 
long, the time needed is 4.96xl0-5 s (assuming e is 89°). 
For a given temperature, the growth rate of spinel at the Al20 3-NiO interface, is 
determined by the counterdittusion of Ni2+ and Al3+ through the spinel phase. Spinel formation 
at the Al20 3-Ni interface, howe~er, requires the reactant oxygen to diffuse from within the Ni to 
the interface, and is determined by the rate of oxygen diffusion in Ni (Trumble and Ruhle 1991). 
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Thus the spinel growth rate at the A120 3-NiO interface should be faster than that at the A120 3-Ni 
interface. In the present case, before the densification of the composite, the nickel particles and 
the alumina particles are not in good contact. This makes spinel formation more difficult. Thus, 
the rate of spinel formation should not be greater than that at a A120 3-NiO interface where there 
is good contact. The parabolic growth kinetics of spinel at the A120 3-NiO interface are given in 
equations 2.15 and 2.16. Assuming that the necessary thickness of spinel to have a significant 
influence on the penetration process of nickel between the alumina grains is greater than 0.1 Jlm, 
the minimum time required to form the 0.1 Jlm thick spinel calculated using equations 2.15 and 
2.16 is 1.17 seconds. 
Comparing the rate of wetting and spinel formation, it can be seen that penetration of 
nickel between alumina grains is far faster than the formation of a layer of spinel that would stop 
the penetration process. Since the alumina grains are much smaller than the nickel particles, the 
penetration of the nickel between the alumina grains results in the irregular shape of the nickel 
particles and produces mechanical interlocking at the interface (Figure 6.10 b). This penetration 
process has been confirmed by TEM observation (Fig 6.11). At the end of the hot pressing 
process, the oxygen partial pressure is lower than that required to stabilise the spinel. Any spinel 
that has formed will decompose to nickel and alumina. Thus no spinel exists at the A120 3-Ni 
interface, as shown in Figure 6.11. 
In region HIlI, at the beginning of the hot pressing process, the oxygen partial pressure 
is greater than both the critical values for wetting and spinel formation. At the end of the hot 
pressing process, the oxygen partial pressure is still high enough to stabilise the spinel. As 
discussed above, penetration of the nickel between the alumina grains occurs first. It is followed 
by spinel formation at the A120 3-Ni interface. This leads to the microstructure of the irregularly 
shaped spinel surrounding the remaining nickel particles (Figure 6.10 c and d.). Formation of the 
spinel phase has been identified by the selected area electron diffraction, as shown in Figure 6.12. 
6.S Variation of Interfacial Bonding with Different Microstructures in Specimen H7 
The irregularly shaped nickel particles described above can create mechanically interlocked 
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interfaces between the nickel and the alumina. This may strengthen the bonding of the interface. 
Considering the chemistry of the interface, the irregularly shaped interfaces are created by the 
wetting of alumina by nickel. The oxygen promoted wetting can increase the work of adhesion 
of the interfaces (Figure 2.15). It is hypothesised that interfaces which are strengthened both 
mechanically and che1Jlically will increase the toughness of the composite by reducing the 
possibility of premature nickel particle pull out during crack propagation in the composite 
material. This was tested by observing the interactions between the ductile nickel particles and 
indentation induced cracks and the nature of the fracture surface which passes through different 
microstructures. Figure 6.13 shows the interaction of indentation cracks with different 
microstructures, whilst Figure 6.14 shows a fracture surface. 
Near the edge of the specimen, the microstructure is like that of the normal hot pressed 
specimen, and bonding between the alumina and the nickel is comparatively weak. If the crack 
meets a particle, it propagates along the Al20 3-Ni interface (Figure 6.13 a). A lot of holes exist 
On the fracture surface of this region (Figure 6.14 a), indicating pull-out of the nickel particles. 
Comparatively larger magnification of SEM photomicrographs of the fracture surface (Figure 
6.15) show no sign of deformation of the pulled-out nickel particles. 
In the region where the shape of the nickel phase is irregular, the mechanically 
interlocked interface strengthens the bonding between nickel and alumina. The crack intercepts 
the particles, and crack bridging by the nickel particle occurs (Figure 6.13 b). Very few of the 
nickel particles can be observed to have been pulled-out (Figure 6.14 b). Most of the nickel 
particles have been stretched to failure by necking to a line (Figure 6.16). Severe plastic 
deformation of the nickel particles and partial debonding at the interface can be observed, 
indicating that they have made a significant contribution to the toughening of the composite. 
In the region where obvious spinel exists, the indentation crack goes along the interface 
between the nickel and the spinel (Figure 6.13 c and Figure 6.17), indicating poor bonding at the 
:r-·HAJ.20 4-Ni interface. Figure 6.18 shows the comparison of a Vickers indentation in this region 
With one just outside this region. Much larger lateral cracks can be observed around the 
indentation in this region, indicating the brittleness of the spinel phase. A lot of holes exist on 
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the fracture surface (Figure 6.14 c and d), resulting from the pull-out of the nickel particles. 
Figure 6.19 shows the fracture surface through the boundary between the irregularly shaped nickel 
particle region and the spinel formation region. It can be seen that if a continuous layer of spinel 
forms around the nickel phase, pull out of the nickel particles occurs on the fracture surface. 
At the centre of the specimen, a large amount of spinel exists, and the size of the 
remaining nickel particles is very small, with a total loss of mechanical interlocking between the 
nickel and the alumina making the interception of the crack by the particles less likely. The crack 
also propagates along the interface between the spinel and the nickel. This is detrimental for the 
toughening of the composite material. 
Trumble and Ruhle (1991) in a study of spinel interphase formation at diffusion-bonded 
Al20 3-Ni interfaces have observed the existence of physical gaps along the spinel-Ni interface 
resUlting from partial reduction of the spinel layer and thus proposed that this is the origin of the 
weakness of the spinel-Ni interface. In the present material, the spinel-Ni interface is quite 
intimate and no physical gap has been observed by TEM (Figure 6.20). Thus the spinel-Ni 
interface may be intrinsically weak or the weakness may be due to the residual thermal stress due 
to the large difference of ern between spinel and alumina (Figure 2.5). Since the ern of spinel 
is nearly the same as that of alumina, thermal stresses at the spinel-Ni and Al20 3-Ni interfaces 
should be very similar. Thus it may be considered that the spinel-nickel interface is intrinsically 
Weak. The effect of a very thin layer of spinel (such as one atomic layer) on the bonding between 
nickel and alumina is unclear, however some authors consider it to be beneficial for the bonding 
(e.g. de Bruin et al. 1972, Peper 1976, Bailey and Bobidge 1981). 
Based on the widely accepted model that the extreme outer layer of an oxide contains only 
oxygen anions, the interfacial reaction at a ceramic-metal interface is between the metal atoms 
and the oxygen anions. It is proposed that the strong bonding is established by the instantaneous 
reaction between the surface oxygen anions of alumina and the metal atoms. This is likely to 
Correspond to the occurrence of wetting. As further reaction takes place, i. e. formation and 
growth of spinel, this strong interface formed by the severe instantaneous interfacial reaction will 
gradually disappear, replaced by a spinel-Ni and a spinel-Alz0 3 interface. Since the spinel-Ni 
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interface is weak, spinel formation is detrimental to the bonding. If only a very small amount of 
spinel forms after the instantaneous interfacial reaction and it does not form a continuous layer 
along the interface, the interface may be still strong. This may be the reason that A120 3-Ni 
interfaces containing a very small amount of spinel are strong. From the above discussion, to 
achieve a strong bonding between nickel and alumina, the first thing is to introduce a strong 
instantaneous reaction of the surface oxygen anions with the metal atoms (i.e. to promote the 
wetting process), and this requires a high oxygen partial pressure in the bonding environment; the 
second thing is to stop further reaction, i. e. the formation and growth of spinel, and this can be 
achieved by a rapid reduction of the oxygen partial pressure to below the critical value for spinel 
formation. Since the critical oxygen partial pressure for wetting is greater than the critical oxygen 
partial pressure for spinel formation in this system. this process is difficult to control. However 
favourable conditions have been achieved in the region where the shape of the nickel particles 
are irregular. 
Figure 6.21 shows a TEM photomicrograph of the start of spinel formation at the A120 3-
Ni interface observed at the boundary between the grey and transition region. The spinel phase 
is not a continuous layer along the interface, but is needle-like and all the needles grow parallel 
to one another into the alumina grain. This needle-like spinel may be formed spontaneously with, 
Or just after. the severe instantaneous interfacial reaction. This interface should be strong 
according to the above discussion. If a thick spinel layer exists between alumina and nickel, no 
needle-like spinel exists and the spinel grains are all equiaxial (Figure 6.20 and Figure 6.22). This 
is probably because that all the spinel needles in one alumina grain formed at the start of the 
Interfacial reaction have the same crystal orientation relationship with the alumina grain, and as 
they grow they combine into an equiaxed spinel grain. The orientation relationship has been 
reported in the previous work (Vardiman 1972) as A120 3 {OOOI}//NiA120 4 {111} and A120 3 
(101O)//NiA1z0 4 (110), and A120 3 {1120)//NiA120 4 {Ill} and A120 3 (101O)//NiA120 4 (110). 
In the present material. another orientation relationship was found by selected area electron 
diffraction and this is Alz0 3 {000l}//NiA120 4 {11l} and A1Z03 (121O)//NiA120 4 (110) (Figure 
6.23). 
In conclusion. it is probably the wetting at the alumina-nickel interface promoted by 
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oxygen, but not spinel formation, that leads to strong bonding between alumina and nickel. The 
spinel-Ni interface is weak and further formation and growth of the spinel interphase is 
detrimental to the interfacial bonding. 
6.6 Summary of Observation for Specimen H7 
The variation of oxygen partial pressure with both position and time within the specimen 
during the fabrication process produces a dramatic change of microstructure with specimen 
positions. Near the edge of the specimen only nickel and alumina exist. The shape of the nickel 
particles is roughly spherical. Closer to the centre, and before reaching the transition region, the 
Oxygen promoted wetting of the alumina by the nickel can cause penetration of nickel between 
alumina grains and produce irregular shaped nickel particles, and since the oxygen partial pressure 
is below the critical value for spinel formation at the end of the hot pressing process, no spinel 
phase exists. Even closer to the centre, the penetration of nickel between the alumina grains can 
produce the microstructure of a layer of irregular shaped spinel surrounding the nickel particles. 
At the centre of the specimen a large amount of spinel exists. The variation of microstructure is 
consistent with the postulated oxygen partial pressure distribution in the specimen during the hot 
pressing process. 
The interaction of indentation-induced cracks with different microstructures shows that 
the irregular shaped Al20 3-Ni interface has stronger bonding than the "normal" Al20 3-Ni interface 
in the composite material, and hence is beneficial for the toughening of the toughening of the 
composite. The existence of a thick spinel layer at the interface is detrimental for toughening. 
6.7 Effect of Oxygen Partial Pressure on the Microstructure and Al20 3-Ni Interface in 
Specimen S7 
6.7.1 Oxygen Partial Pressure Distribution in the Specimens during the Sintering 
Process 
Using the second fabrication process, the green body made by cold isostatic pressing was 
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buried in an alumina powder bed. The oxygen in air can penetrate through the loose alumina 
power and reach the greenbody. Thus, the oxygen partial pressure near the edge of the specimen 
during processing creates an oxidising environment. Since the greenbody is much denser than the 
loose alumina powder and the specimen can further densify during the sintering process, much 
less oxygen can approach the centre of the specimen. Thus an oxygen partial pressure gradient 
must exist, varying from more oxidizing at the edge to more neutral at the centre of the specimen. 
During the sintering process and before complete densification, with oxygen penetrating into the 
specimen, the oxygen partial pressure will increase with increasing time. Both the gradient and 
the trend in the variation of oxygen partial pressure with time in the specimen are opposite to 
those in the hot pressing process carried out in a graphite die. 
The schematic of the change in oxygen partial pressure during the sintering process is 
shown in Figure 6.24. The critical oxygen partial pressure for wetting of alumina by nickel is 
obtained as described in section 6.1.2. The critical oxygen partial pressure for the formation of 
spinel is calculated from equation 6.6. Note that the critical oxygen partial pressure for spinel 
formation is different from that in hot pressing due to the difference in temperature. 
6.7.2 Variation of Microstructure with Oxygen Partial Pressure 
The microstructure varies dramatically with position and hence, oxygen partial pressure. 
Figure 6.25 is a low magnification SEM photomicrograph showing the variation of microstructure 
With oxygen partial pressure. Near the edge of the specimen is a layer which is about 600 J.1m thick 
and composed mainly of spinel, with some residual alumina and nickel. Some cracks can be 
observed, indicative of the brittleness of this layer. From this layer to the centre of the specimen, 
the microstructure is mainly alumina matrix with a distribution of nickel particles. 
Comparatively high magnification SEM observation of the variation of microstructure with 
oxygen partial pressure is shown in Figure 6.26. The variation can be interpreted with reference 
to Figure 6.24. Near the edge of-the specimen (in region SI), the oxygen partial pressure at the 
start and the end of the sintering process is higher than that for both wetting of alumina by nickel 
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and nickel aluminate spinel formation. The microstructure is composed mainly of a network of 
spinel around alumina grains (Figure 6.26 a, Figure 6.27). This results from penetration of liquid 
nickel between the alumina grains and the subsequent spinel formation. Using the similar methods 
as described in section 6.4.2, the time required for the liquid nickel to fill a capillary gap of 1 llm 
wide and 10 llm long is calculated to be 4.29 x 10.5 s (taking the viscosity and surface tension of 
the liquid nickel as 4.5 mPa sand 1.8 J m-2, Egry 1993), much shorter than the time required to 
form a required thickness (assumed to be 0.1 llm) of spinel to stop the penetration process 
(calculated to be 8.05x10-2 s using equation 2.15 and 2.16). 
Some big holes exist at positions where nickel particles were situated originally. These are 
left by the penetration of nickel between the alumina grains. The rigid spinel network stops the 
densification process and the holes cannot be eliminated during the sintering process. 
At the boundary between the outer thick spinel layer and the inner part of the specimen, 
there is a dramatic change of microstructure from spinel phase dominance to alumina and nickel 
(Figure 6.26 c), and the big holes also disappear abruptly within this region. The oxygen partial 
pressure within this region may correspond roughly to the critical value for wetting of alumina by 
nickel (boundary between region SI and SII). Since the holes are left by the penetration of nickel 
between alumina grains, the transition from wetting to non-wetting will lead to the disappearance 
of the holes. 
From the boundary region to some distance further towards the centre, lies region SII in 
Figure 6.24. The oxygen partial pressure at the end of the sintering process is lower than the 
critical oxygen partial pressure for the wetting of alumina by nickel, but greater than that for 
spinel formation. There is a spinel layer around each nickel particle, but no sign of penetration. 
No big holes exists in this region because of the lack of penetration of nickel between alumina 
grains. With increasing distance to the centre, the spinel around nickel particles become thinner 
and thinner until it disappears completely. 
In region SIll, from the beginning to the end of the sintering process, the oxygen partial 
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pressure is lower than both the critical values for wetting and spinel formation. The microstructure 
is, therefore, an alumina matrix with a distribution of nickel particles (Figure 6.26 d). 
It is not possible to produce irregular shaped nickel particles in this specimen. This is 
because the oxygen partial pressure increases with time during the sintering process. Thus, wetting 
of liquid nickel on alumina is inevitably accompanied and followed by the reaction of the liquid 
nickel with alumina and oxygen to form nickel aluminate spinel. No strengthening of the Al20 3-Ni 
interface can be anticipated in any of the microstructures produced by this method. 
6.7.3 Reduction of Spinel in Specimen S7 
Since the irregularly shaped nickel particles are produced by controlling the oxygen partial 
from more oxidizing (greater than that for both wetting and spinel formation) at the beginning 
to more reducing (lower than the critical partial pressures for wetting and spinel formation) at 
the end of the fabrication process, it was anticipated that the reduction of spinel which occurs 
with the process might have some effect on the shape of the nickel particles. This was examined 
by reducing the specimen in graphite powder at 1050°C for 3.5 hours. The microstructural 
variation with position is shown in Figures 6.28 and 6.29. The thickness of the spinel layer which 
Was influenced by the reduction process is about 200 J.lm . It can be seen that the spinel near the 
edge of the specimen is partly reduced to alumina and nickel. The nickel particles which resulted 
~rom the reduction are rather spherical and less than a micrometre in size (Figure 6.30). No 
irregularly shaped nickel was observed. Therefore, it can be concluded that the irregularly shaped 
"",ckel is more likely to have been created by the wetting of the alumina by the nickel, than by the 
reduction of spinel. 
6.7.4 Summary of Observation of Specimen S7 
The variation of oxygen partial pressure with both position and time within the specimen 
during the sintering process produces a change of microstructure with specimen position. Near 
the edge of the specimen is a layer composed mainly of spinel, with some residual alumina and 
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nickel. From this layer to the centre of the specimen, the microstructure is mainly alumina matrix 
with a distribution of nickel particles. No irregular shaped nickel particles exist in the specimen. 
This is because the oxygen partial pressure increases with time during the sintering process, which 
causes the wetting process to be accompanied and followed by the spinel formation. 
Reduction of the spinel phase in specimen S7 did not produce irregularly shaped nickel 
particles. 
6.8 Conclusions 
Critical oxygen partial pressures for wetting of alumina by liquid nickel and nickel 
aluminate spinel formation have been calculated. Results show that critical oxygen partial pressure 
for wetting of alumina by nickel is greater then the critical oxygen partial pressure for spinel 
formation in the temperature range 1453-16O<rC. Thus wetting is predicated to be accompanied 
always by spinel formation. 
A variation of microstructure with position has been observed in the hot pressed specimen 
With a pre-hot pressing heat-treatment. This variation of microstructure is believed to be due to 
the variation of oxygen partial pressure in the specimen with position and time during the hot 
pressing process. An oxygen partial pressure distribution in the specimen during the hot pressing 
process has been postulated and this is consistent with the variation of microstructure. 
It is believed that severe instantaneous interfacial reaction (i.e. wetting) at the Al20 3-Ni 
interface promoted by oxygen can create a strengthened interface. The spinel-Ni interface is weak 
and further formation and growth of the spinel interphase is detrimental to the interfacial 
bonding. Thus to form a strengthened interface, a method to control the fabrication environment 
is postulated: first to introduce an oxygen partial pressure higher than the critical one for wetting 
to promote a strong instantaneous reaction of the surface oxygen anions of alumina with the 
llletal atoms; second to reduce the,oxygen partial pressure rapidly below the critical one for spinel 
formation to stop the formation and growth of spinel. 
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It has been shown that a proper control of the oxygen partial pressure during the 
fabrication process can achieve wetting while avoiding the existence of spinel at the interface, 
producing irregularly shaped nickel particles. The interaction of indentation induced cracks with 
different microstructures shows that the bonding between the alumina and the nickel is normally 
poor and the nickel particles are pulled out between the crack surfaces. However, it is 
demonstrated that in the region where the irregular shaped nickel particles exist, stronger 
interfaces are formed by both mechanical interlocking and more intimate chemical bonding. The 
irregularly shaped nickel particles bridge the crack faces without being pulled out, indicating the 
strengthening of the interfacial bonding. This is beneficial for the toughening of the composite 
material. 
A variation of microstructure with specimen position also exists in the specimen sintered 
in an alumina powder bed at 1550 °C. The outer layer of the specimen is mainly composed of 
nickel aluminate spinel. The inner part of the specimen is the normal composite microstructure, 
i. e. a distribution of nickel particles in alumina matrix. This is also caused by the variation of 
Oxygen partial pressure with position and time in the specimen. The postulated oxygen partial 
pressure distribution in the specimen during the sintering process and the variation of 
microstructure are consistent. No strengthened interface exists in this specimen; the increase of 
oxygen partial pressure with time will never produce a wetted interface without the existence of 
spinel phase. 
The next chapter will describe the fabrication of a uniform composite with an Al20 3-Ni 
interface strengthened by both mechanical interlocking and chemical bonding, and test the 
hypothesis that such a composite is tougher than the composite with the "normal" Al20 3-Ni 
interface. 
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Figure 6.1 Stability diagram of the calculated oxygen partial pressure for the 
[Ni, NiOe(1 +X)Al20 3, «-Al20 3] equilibrium as a ftmction of temperature, 
plotted using the data of Lenev et al, 1965 <A) and Jacob, 1986 (0). 
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Figure 6.2 The effect of oxygen partial pressure on the wetting of alumina 
by liquid nickel at 15000 C calculated using the data of Eremenko and 
Naidich (1960). A refers to the calculation using equation 6.11 and 0 refers 
to the calculation using the model of Mehrotra and Charklader (1985). See 
text for details. 
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Figure 6.4 Dependence of surface tension of liquid nickel on oxygen 
partial pressure calculated using equation 6.11 and data from Figure 2.8. 
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Figure 6.5 Schematic of the powder bed used in the sintering experiment 
to produce a variation of microstructure with position in the specimen. 
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Figure 6.6 Schematic diagram. of the variation of oxygen partial pressure 
with position and time in specimen H7 during the hot pressing process. 
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Figure 6.7 A section tluough the centre of specimen H7 and perpendicular 
to the pressing direction. Note that the original shape of the section was 
circular. It was cut into a rectangular shape. 139 
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Figure 6.8 Dark field RLM showing the variation of colour with positions in specimen H7. a, b, c and d 
correspond to the position labelled in Figure 6.7. 
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Figure 6.9 RLM photomicrographs showing the variation of microstructure with position in specimen H7. 
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Figure 6.10 SEM observation (mixed mode electron image) of the variation of microstructure with position in 
specimen H7. 
Figure 6.11 TEM photomicrograph showing the penetration of nickel between 
the alumina grains in specimen H7. 
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Figure 6.12 (a) HREM photomicrograph and (b) the corresponding 
selected area diffraction pattern of the spinel phase. 
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Figure 6.13 Interaction of indentation cracks with different microstructures in specimen H7 . 
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Figure 6.14 Fracture surface through diffrent microstructures in specimen H7 . 
Figure 6.15 (a) SEM photomicrograph (mixed mode electron image) 
showing the pull-out of the spherical nickel particles on the fracture 
surface; (b) same as (a), but higher magnification. 
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Figure 6.16 (a) SEM photomicrograph (mixed mode electron image) 
showing the fracture and large extent of plastic defonnation of the irregularly 
shaped nickel particles on the fracture surface; (b) same as (a), but higher 
magnification. 
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Figure 6.17 SEM photomicrograph (mixed mode electron image) showing 
an indentation crack goes along the spinel-Ni interface. 
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Figure 6.18 Vickers jndentations within (a) and just outside (b) the spinel 
region (dark field RLM). Large lateral cracks exist around the indentation 
within the spinel region. 
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Figure 6.19 Fracture surface through the boundary between the irregularly 
shaped nickel region and the spinel region showing the weakness of the 
spinel-Ni interface (SEM, mixed mode electron image). 
Figure 6.20 TEM photomicrograph showing the microstructure of the 
spinel-Ni interface. 
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Figure 6.21 (a) and (b) TEM photomicrograph showing the start of spinel 
formation at the Ah03-Ni interface. 
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Figure 6.22 TEM photomicrograph showing the microstructure of the 
Ni-spinel-A12~ interface. 
153 
Figure 6.23 Selected area electron diffraction showing an orientation 
relationship between alumina and spinel: Al20 3 {OOO 1 }f /NiA120 4 {111} 
and Al20 3 <121O>//NiAI20 4 <110>. 
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Figure 6.24 Schematic diagram of the variation of oxygen partial pressure 
with position and time in specimen S7 during the sintering process. 
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Figure 6.25 SEM photomicrograph (back scattered electron image) showing 
the variation of microstructure with position in specimen S7. 155 
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Figure 6.26 SEM photomicrograph (back scattered electron image) showing the variation of microstructure with position in 
specimen S7. a, b, c and d correspond to the positions labelled in Figure 6.25 . 
Figure 6.27 SEM photomicrograph (back scattered electron image) showing 
the microstructure of the outer spinel layer of specimen S7. 
Figure 6.28 SEM photomicrograph (back scattered electron image) showing 
the microstructure of specimen S7 after reduction in graphite powder at 
10500 C for 3.5 hours. 157 
Figure 6.29 SEM photomicrograph (back scattered electron image) showing the variation of microstructure with position in specimen 
~ S7 after reduction in graphite powder at 1050°C for 3.5 hours. a, b, c and d correspond to the position labelled in Figure 6.28. 
0) 
Figure 6.30 SEM photomicrograph (back scattered electron image) showing 
the microstructure resulting from reduction of spinel. 
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Chapter 7 
Fabrication and Properties of AI20JNi Composites 
with Strengthened Interfaces 
7.1 Introduction 
As described in chapter 6, proper control of oxygen partial pressure can achieve wetting 
of alumina by nickel and prevent spinel formation at the Al20 3-Ni interface. This produces 
irregularly shaped nickel particles which form stronger interfaces with alumina grains by both 
mechanical interlocking and more intimate chemical bonding. This type of composite 
microstructure can make more efficient use of the inherent toughness of nickel particles during 
crack propagation and is beneficial for the toughening of the composite. Nevertheless, using the 
fabrication route described in Chapter 6, a microstructural variation with position within the 
specimen is inevitable, making it impractical. In this section another fabrication route is 
investigated which aims to produce a tough composite material with a homogeneous distribution 
of irregularly shaped nickel particles throughout the specimen. 
7.2 Fabrication of the Composites 
7.2.1 Pre-consolidation Heat Treatment of the Composite Powder 
If the variation of oxygen partial pressure during fabrication of the composite can be 
COntrolled to be that of region HII in Figure 6.6, but throughout the specimen, it should be 
possible to produce a microstructure comprising a distribution of irregularly shaped nickel particles 
in an alumina matrix. In order to do this, a two step pre-consolidation heat treatment was given 
to the composite powder, as tollows: 
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Step 1: The powder blend 1 was placed in a powder bed as shown in Figure 7.1. The 
powder bed was then heat treated in a box furnace; the schedules for different specimens are 
shown in Table 7.1. The purpose of this heat treatment is to partially oxidize the nickel particles. 
The amount of nickel oxide can be controlled by varying the heat treatment temperature and 
time. 
Step 2: The composite powder was then transferred to a powder bed as shown in Figure 
7.2. The powder bed was placed in a box furnace at 1400°C. The temperature of the furnace 
dropped initially to about 1290°C and reached 1400°C again in about 24 minutes. The temperature 
was maintained at 1400°C for 44-48 minutes, then reduced to ambient and the specimen cooled 
with the furnace. The step 2 pre-consolidation heat treatment schedules used for making the 
composite specimens are shown in Table 7.1. 
During step 2 of the heat treatment, the graphite powder creates a reducing atmosphere. 
Although the small crucible containing the composite powder is covered with an alumina plate, 
the reducing atmosphere can enter the crucible via the space between the cover and the crucible. 
Thus the oxygen partial pressure in the small crucible varies from more oxidizing at the beginning 
to more reducing at the end of the heat treatment. This variation of oxygen partial pressure with 
time is similar to that of region HII in Figure 6.6, although the distribution of oxygen partial 
pressure in the small crucible is more homogeneous because the composite powder is not in 
contact with the graphite powder. Therefore, it is expected that the nickel phase will wet the 
alumina grains and penetrate between them, and that the existence of spinel phase can be avoided 
at the end of the heat treatment. The pre-consolidation heat treated composite powder was 
slightly grounded to break the big aggregates before hot pressing. 
7.2.2 Hot pressing 
The pre-consolidation heat treated composite powders were hot pressed to make 
composite specimens. During the hot pressing process, the graphite die inevitably creates a 
reducing atmosphere, and this is the cause of the inhomogeneity of microstructure of the 
composite. In order to reduce the effect of the graphite die on the microstructural homogeneity 
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of the composite, a pressure of 20 MPa was applied to the composite powder before heating. The 
pressure was kept at 20 MPa until the furnace reached the hot pressing temperature. This makes 
the composite powder more dense and prevents the reducing atmosphere from penetrating into 
the composite powder during the heating up and hot pressing process, making the microstructure 
of the composite more homogeneous. On reaching the hot pressing temperature, i. e. 1400°C, the 
uniaxial pressure was increased to 30 MPa and both the temperature and the pressure were held 
for 15 minutes. 
7.3 Characterisation of the Pre-Consolidation Heat Treated Composite Powders 
7.3.1 Phase Identification of the Pre-consolidation Heat Treated Composite Powders 
The pre-consolidation heat treated composite powders for making specimen H8, H9 and 
HI0 were characterised using a XRD technique. Since x-ray diffraction traces of the composite 
powders after step 1 and step 2 heat treatment for making the three specimens are similar, only 
the results of specimen H9 are given in detail. The reaction in step 1 of the heat treatment is the 
oxidation of nickel. Figure 7.3 shows the x-ray diffraction traces of the composite powder after 
step 1 of the heat treatment for making specimen H9. Three phases exist in the composite 
powder: «-Al20 3, Ni, and NiO. No spinel phase was detected. The main reaction in step 2 of the 
heat treatment is the reduction of nickel oxide to form nickel and oxygen. Some spinel may form 
where the nickel oxide and the alumina were in contact, but it should be reduced to nickel , 
alumina and oxygen again at the end of the heat treatment. Figure 7.4 shows x-ray diffraction 
results of the composite powder after step 2 of the pre-consolidation heat treatment for making 
specimen H9. The composite powder is mainly composed of «-Al20 3 and Ni, with a small amount 
of NiO. No spinel phase was detected. However, experience has shown that if the step 2 heat 
treatment time is substantially shortened, spinel does exist, which can be identified from the blue 
COlour of such heat treated powder. 
In order to have a quantitative characterisation of the pre-consolidation heat treated 
composite powders, the kinetics of the oxidation of nickel have been studied, together with a 
quantitative XRD analysis of the formation of NiO during the pre-consolidation process. 
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7.3.2 Kinetics of Oxidation of Nickel during Step 1 of the Pre-consolidation Heat 
Treatment 
The oxidation of nickel at high temperatures under different oxygen pressures has been 
studied in several works (Caplan et al. 1972, Rosa 1982, Elrefaie et al. 1985, Atkinson and Smart 
1988). There seems to be a general consensus that oxidation of nickel follows parabolic reaction 
rate kinetics in the temperature range 973-1600 K, and that the rate of reaction is controlled by 
lattice diffusion of nickel via cation vacancies in the NiO scale. Under the conditions of step 1 
of the heat treatment, the oxygen partial pressure can be considered to be approximately that of 
air. Atkinson and Smart (1988) studied the oxidation of high purity Ni and Ni 0.1 wt.% Cr alloy 
at 7000C sequentially in 0.21 bar 160 2 and 1802. The isotopically labelled oxygen tracers were used 
to study the transport process of oxygen during film growth. Neglecting the difference of the two 
isotope oxygens, their experimental conditions were similar to those of step 1 of the present work 
for making specimen H8 and H9. Therefore, the thickness of the NiO film formed during Step 
1 heat treatment can be estimated with reference to their work. Table 7.2 shows some of their 
experimental results, together with the values of the "instantaneous parabolic rate constant", K, 
calculated by the present author from their results. The time of the Step 1 heat treatment for 
specimen H8 is 15 minutes which is between the oxidation time of 7 minutes and 28 minutes 
shown in Table 7.2. The instantaneous parabolic rate constant can be approximately estimated as 
the mean value of that at 7 and 28 minutes, i.e. 11.91 xl0·16 m2s·1• The corresponding nickel oxide 
film thickness would be 1.04 11m in the case of specimen H8. The step 1 heat treatment time for 
specimen H9 is 30 minutes, very close to 28 minutes. The instantaneous parabolic rate constant 
can be replaced by that at 28 minutes. The calculated nickel oxide film thickness is 1.24 11m in the 
case of specimen H9. Both Ni and NiO have an fcc crystal structure with a lattice parameter of 
0.35238 nm and 0.41769 nm, respectively. The ratio of the molecular volumes of Ni and NiO is 
0.6. Thus, the thicknesses of Ni which are needed to form 1.04 11m thick NiO in the case of 
specimen H8 and 1.24 11m thick NiO in the case of specimen H9 are 0.624 11m and 0.744 11m, 
respectively. 
The size of the nickel particles used for making the composite powder is in the range of 
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2-7 11m. It can be seen that after step 1 of the pre-consolidation heat treatment, in both of the 
composite powders for making specimen H8 and H9, the thickness of nickel transformed into NiO 
is smaller than the nickel particle radius, and thus the nickel particles should be partially oxidized. 
Some nickel particles in the composite powder may in contact, or stick together, giving the size 
distribution of nickel particles in the fmal composite material which is shown in Figure 5.1. Using 
this particle size distribution, the percentage of nickel which transformed into NiO after step 1 
is calculated to be 24.4% for specimen H8 and 28.1 % for specimen H9. This may be an 
underestimate as it is more likely that particle combination took place during hot pressing than 
the powder blending stage. 
7.3.3 Quantitative X-ray Diffraction Analysis of Amount of NiO in the Pre-Consolidation 
Heat Treated Powders 
The formation and the reduction of NiO during the pre-consolidation heat treatments has 
been studied quantitatively using XRD.1t can be seen from Figure 7.3 that {l1l}Ni and {220}NiO 
diffraction peaks do not overlap with peaks of other phases and have comparatively high 
intensities. Thus they can be used for the quantitative analysis of the relative amount of Ni and 
NiO in the heat treated composite powder. 
Three standard samples were made by mixing different amounts of nickel and nickel oxide 
powders. The nickel oxide powder was made by heat treating the nickel powder at 1()()()OC in air 
for 30 hours. X-ray diffraction did not detect the existence of nickel in the so obtained nickel 
oxide powder. The values of (NiO at% )/(NiO at% + Ni at%) for the three standard specimens 
Were 23%, 47% and 69% respectively. The relationship between the relative amount of Ni and 
NiO and the relative intensity of {111}Ni and {220}NiO diffraction peaks (expressed as 
I{220}Niol(I{220}Nio+I{111}Ni» were obtained experimentally by XRD, as shown in Figure 7.5. 
The I{220}Nio/(I{220}Nio+I{111}Ni) values for the pre-consolidation heat treated 
COmposite powders were alse measured by XRD after step 1 and step 2 under the same 
experimental conditions as for the standard samples. Using these values, the amount of NiO 
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formed in the composite powders has been obtained from Figure 7.5. The results are given in 
Table 7.3. These results are in agreement with the analysis that showed that the nickel particles 
are partially oxidized after step 1 heat treatment (section 7.3.1). It can be seen that after step 1, 
the amount of NiO in the composite powder for making specimen H9 is greater than in the 
powders for making specimens HS and H10. The result is in consistent with the fact that the time 
of the step 1 treatment for specimen H9 is longer than that for specimen HS. After step 2 of the 
pre-consolidation heat treatment, only small amounts of NiO exist in all the composite powders. 
7.4 Microstructure of the Composites 
The microstructure of the specimens has been observed by SEM. Figure 7.6, 7.7 and 7.S 
show the microstructures of specimen HS, H9 and H10, respectively. The nickel particles are well 
distributed and the shape of the nickel particles is more irregular in the three specimens than in 
the specimens without any pre-consolidation heat treatment (e.g Figure 4.S). No spinel phase was 
observed by SEM. The graphite die does have some effect on the homogeneity of the outer part 
of the specimens, but the thickness of the influenced layer is only about 150 J.Lm, as shown in 
Figure 7.9. Apart from this influenced layer, all three specimens are quite homogeneous in 
microstructure. 
Figure 7.10 is a HREM photomicrograph of a typical Al20 3-Ni interface in specimen H8. 
No evidence of spinel was found. Some small subgrains about 3.5 -12 nm in diameter in the nickel 
side can be seen. These subgrains may be produced by the recrystallisation of the deformed nickel 
after removing the hot pressing load at the end of the hot pressing process. Sometimes an 
amorphous layer can be observed at the interface by TEM (Figure 7.11). The corresponding 
convergent beam diffraction pattern confirms that the layer is amorphous. This layer may be the 
result of the reduction of the interface after the occurrence of wetting and/or some spinel 
formation. 
After step 1 of the pre,consolidation heat treatment, the amount of NiO in the composite 
powders for making specimen HS and HlO are the same, but both smaller than the amount of 
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NiO in the composite powder for making specimen H9. The time for step 2 pre-consolidation heat 
treatment for specimen H8 is longer than specimen H9 and H1O, and this might possibly over-
reduce the composite powder and decrease the extent of wetting of the alumina grains by the 
nickel. Thus the irregularity of the shape of the nickel particles in the three composite specimens 
is expected to be in the following order: H9> H10> H8. This is in agreement with the SEM 
observation as shown in Figure 7.6, Figure 7.7 and Figure 7.8. In specimen H8, it can be seen that 
most of the nickel particles only have comparatively small irregularities around the edge (Figure 
7.6 a), although sometimes very irregular nickel particles can be seen (Figure 7.6 b). In specimen 
H9, most of the nickel particles are quite irregular in shape, and the irregularity extends to the 
bulk of these particles. In specimen H10, the irregularity of the shape of the nickel particles is 
between that of specimen H8 and H9. 
It is expected that the greater the irregularity, the stronger the mechanical interlocking 
at the Al20 3-Ni interface will be, and the greater the contribution to the toughening of the 
composite. Therefore, the fracture toughness of the composites should be in the following order: 
H9>H10>H8. 
7.5 Fracture Toughness Testing by Double Cantilever Beam Method 
The fracture toughness of specimens H8, H9 and H10 has been evaluated using DCB 
method followed the procedures explained in section 3.4.3. Dimensions of DCB test pieces of 
specimens H8, H9 and H10 are given in Table 7.4. Results of the DCB testing of specimens are 
shown in Tables 7.5, 7.6 and 7.7. The relationship between the stress intensity factor (KI) and the 
increase in crack length (bC) for specimens H3, H8, H9 and H10 are compared in Figure 7.12. 
Resistance-curve (R-curve) behaviour is observed for all four specimens. The ultimate fracture 
toughness values of the specimens H8, H9 and H10 are higher than that of the un-pre-
consolidation heat treated specimen H3, indicating the contribution of the mechanical interlocking 
of the Al20 3-Ni interface to toughening. 
A desirable R-curve behaviour would achieve a comparatively high fracture resistance in 
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a comparatively short crack length. From this point of view, the R-curve behaviour for specimen 
H8 is not favourable, because for a given crack length, the fracture resistance of the specimen is 
smaller than that of specimen H3. The undesirable R-curve behaviour for specimen H8 can be 
explained by reference to the microstructure of the composite. Since comparatively less NiO exists 
in the composite powder after step 1 of the pre-consolidation heat treatment, the irregularity of 
the shape of the nickel particles is relatively small The later part of the reduction process of step 
2 of the pre-consolidation heat treatment may cause some of the small areas of penetrated nickel 
to become separate from the nickel particles due to the maintenance of the composite powder 
in a poor wetting condition (Figure 7.6 a), leading to loss of mechanical interlocking and 
reduction in the average particle size. As a crack propagates in the specimen, the very small 
particles that separated from the original particles are easily avoided by the propagating crack, 
lowering the fracture resistance to crack propagation. On the other hand, some of the nickel 
particles are still quite irregular, and they can bridge the propagating crack even at a long distance 
behind the crack tip, increasing the process zone length of the composite. The combination of the 
two opposite effects cause the R-curve of specimen H8 to be below that of specimen H3, but 
extent to a longer process zone length. The final fracture toughness of specimen H8 is higher 
than that of specimen H3. 
Specimen H9 has the most desirable R-curve behaviour of all the specimens. A larger 
amount of NiO existed in the composite powder after step 1 and this has made the shape of the 
nickel particles more irregular, and the amount of separation of the penetrated nickel between 
alumina grains from the original particle is much less. The mechanically interlocked Al20 3-Ni 
interface reduces the possibility of pull-out of the nickel phase as cracks propagate in the 
specimen, resulting a more desirable R-curve behaviour and a tougher composite material. 
Specimen HIO has an intermediate microstructure and consequently an R-curve behaviour lying 
between specimens H8 and H9. 
7.6 Interaction of Cracks with Ductile Nickel 
The crack propagation during the DeB testing was observed in situ in the SEM. Figure 
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7.13 shows the interaction of a crack with the nickel particles in specimen H8. Crack bridging by 
a nickel particle and severe stretching of the particle, nearly to failure, can be seen. Part of the 
crack going along the Al20 3-Ni interface for a nickel particle without much irregularity can also 
be observed in the photograph. Figure 7.14 shows a fracture surface of specimen H8. Many holes 
have been created by the pull-out of the nickel particles, but the percentage of holes is lower than 
that on the fracture surface of specimen H3 (Figure 4.27). Observation shows that if the 
irregularity of the nickel phase is small, the nickel phase is liable to be pulled out during crack 
propagation (Figure 7.15). If the particle is more irregular, it is more likely to be stretched to 
failure on the crack surface (Figure 7.16). 
The in situ observation of crack interaction with nickel particles in specimen HlO is shown 
in Figure 7.17. Bridging of the propagating crack by nickel particles can be observed, indicating 
the contribution to toughening. Observation of fracture surface shows that both fracture and pull-
out of ductile phase exists (Figure 7.18 and Figure 7.19), but the percentage of ductile phase pull-
out is much smaller than specimen H3. 
Figure 7.20 shows the in situ observation of crack interaction with nickel particles in 
specimen H9 by SEM during DCB testing. The crack path is quite tortuous. A particle that 
bridges the propagating crack can be observed, showing the strong interfacial bonding at the 
interface. Figure 7.21 shows a nickel particle that has just been stretched to failure, with severe 
plastic deformation. On the fracture surface of specimen H9, some holes due to pull-out of the 
nickel phase also exist (Figure 7.22), but the percentage of holes is less than on the fracture 
surfaces of specimens H3, H8 and H10. Observation shows that pull-out of the nickel phase often 
OCcurs when the nickel phase is relatively smooth in shape (Figure 7.23). The more irregular 
nickel particles are often stretched to failure. A large extent of partial debonding at the interface 
often accompanies the fracture of nickel after necking to a line, with severe plastic deformation 
of the nickel particles (Figure 7.24). 
The observation of the interaction of the crack with nickel particles shows that the more 
irregular the interfaces, the stronger the mechanical interlocking at the interface. and the greater 
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the contribution to the toughening of the composites. The shape of the nickel particles in 
specimen H9 is more irregular than in specimen H8 and HlO, and much more irregular than 
specimen H3. Thus, it is the toughest of the four specimens. 
7.7 Conclusions 
By using a proper two step consolidation heat treatment and hot pressing process, 
composites consisting of irregularly shaped nickel particles evenly distributed in the alumina matrix 
have been produced. Step 1 of the pre-consolidation heat treatment partially oxidizes the nickel 
particles in the composite powder, with about 42-47 at% Ni transformed to NiO. Step 2 of the 
heat treatment can create penetration of the nickel phase between alumina grains and avoid the 
existence of spinel phase at the same time. Irregularity of the nickel phase can be controlled by 
the varying the temperature and time for step 1 and the time for step 2. 
The ultimate fracture toughness values of the composites with the irregularly shaped 
nickel particles distributed in the alumina matrix are higher than the value for the composite 
without a pre-consolidation heat treatment. Specimen H9 has a larger extent of irregularity of the 
shape of the nickel particles, and it has a more desirable R-curve behaviour. 
Observation of crack-nickel particle interaction shows that the more irregular the shape 
of the nickel particles, the stronger the Al20 3-Ni interface, the smaller the possibility of pull-out 
of the nickel particles during crack propagation, and the greater the contribution to the toughness 
of the composites. 
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Table 7.1 Pre-consolidation heat treatment schedules for specimen H8, H9 and HI0 
specimen Step 1 Step 2 
H8 20",700°C 30 min, Put in temperature 1400°C, 
700°C 15 min 1290", 1400°C 24 min, 
1400°C 48 min 
H9 20",700°C 30 min, Put in temperature 1400°C, 
700°C 30 min 1290", 1400°C 24 min, 
1400°C 44 min 
HI0 20",400°C 12 min, Put in temperature 1400°C, 
400°C 20 hr 1290",1400°C 24 min, 
1400°C 44 min 
Table 7.2 Experimental results of the oxidation of nickel in 0.21 bar oxygen at 700°C 
(after Atkinson and Smart 1988) and the calculated reaction rate constant, K 
Time in 160 2 Time in 180 2 Total time Film thickness/11m Kxl012m2s-1 
5 min 2 min 7 min 0.8 15.24 
20 min 8 min 28 min 1.2 8.57 
90 min 36 min 126 min 2.1 5.83 
5h 0 5h 3.3 6.05 
5h 2h 7h 3.5 4.86 
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Table 7.3 Quantitative x-ray diffraction results of amount of NiO in the pre-
consolidation heat treated powders 
I{220)Niol(I{220Nio + I{l11}NI) (NiO at%)/(NiO at% + Ni at%) 
specimen 
step 1 step 2 step 1 step 2 
H8 0.0750 0.0117 42% 7% 
H9 0.0986 0.0213 47% 11% 
H10 0.0797 0.0165 42% 9% 
Table 7.4 Dimensions of specimen H8, H9 and H10 for the DCB fracture toughness 
testing. 
specimen h/mm IJmm tJmm tjmm ljmm bJmm 
H8 6.16 21.3 2.09 1.21 3.98 5.80 
H9 5.18 21.1 1.73 0.83 4.27 7.58 
RIO 4.50 18.6 2.01 0.76 4.03 6.60 
Table 7.5 Double cantilever beam testing results of specimen H8 
Load/N Crack Length/mm K1/MPa ml/2 
61.49 0.46 2.93 
64.36 0.76 3.15 
69.72 1.14 3.50 
75.80 1.84 4.08 
78.65 2.24 4.37 
80.80 2.89 4.73 
82.20 3.59 5.07 
82.80 4.89 5.59 
, 
83.23 6.49 6.22 
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Table 7.6 Double cantilever beam testing results of specimen H9 
Load/N Crack Length/mm KI/MPa m 1l2 
42.60 0.38 3.82 
46.90 0.70 4.32 
51.05 1.12 4.87 
52.91 1.52 5.21 
54.05 2.12 5.58 
55.34 2.82 6.01 
55.52 4.92 6.93 
52.60 6.80 7.34 
Table 7.7 Double cantilever beam testing results of specimen HIO 
Load/N Crack Length/mm KI/MPa m1l2 
46.28 2.12 5.10 
46.48 2.37 5.23 
47.17 3.22 5.68 
47.52 3.85 6.00 
46.37 4.72 6.23 
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Figure 7.1 Powder bed for step 1 of the pre-consolidation heat treatment. 
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Figure 7.2 Powder bed, for step 2 of the pre-consolidation heat treatment. 
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Figure 7.3 X-ray diffraction spectra of the composite powder treated by step 1 of the pre-consolidation heat treatment for 
making specimen H9 . 
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Figure 7.4 X -ray diffraction spectra of the composite powder after step 2 of the pre-consolidation heat treatment for 
making specimen H9 . 
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Figure 7.5 The relationship between relative amount of Ni and NiO and 
relative x -ray diffraction intensity of NiO {220} and Ni {Ill}. 
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Figure 7.6 SEM photomicrographs (back scattered electron image) showing 
(a) the general microstructure of and (b) some very irregularly shaped nickel 
particles in specimen H8. 
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Figure 7.7 (a) SEM photomicrograph (back scattered electron image) showing 
the microstructure of specimen H9; (b) same as (a), but higher magnification. 
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Figure 7.S (a) SEM photomicrograph (back scattered electron image) showing 
the microstructure of specimen RlO; (b) same as (a), but higher magnification. 
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Figure 7.9 SEM photomicrograph (back scattered electron image) showing 
the thickness of the outer part of the specimen influenced by the graphite die 
during the hot pressing process (specimen H8), 
Figure 7.10 HREM photomicrograph of the Al20 r Ni interface in specimen H8. 
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a 
Figure 7.11 (a) TEM photomicrograph (bright field) and (b) the corresponding 
convergent beam diffraction pattern showing the existence of an amorphous 
layer along some of the AI20 3-Ni interface. 
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Figure 7.12 Stress intensity factor against crack length obtained by the DCB 
testing method for specimens H3, H8, H9 and HlO. 
Figure 7.13 in situ observation of interaction of nickel particles with the 
propagating crack in sp'ecimen H8 during the DCB testing. 
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Figure 7.14 SEM photomicrograph (secondary electron image) showing 
the fracture surface of specimen H8. 
Figure 7.15 SEM photomicrograph (secondary electron image) showing 
the pull-out of nickel particles on the fracture surface of specimen H8. 
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Figure 7.16 SEM photomicrograph (secondary electron image) showing 
the fracture by necking to a line of irregularly shaped nickel particles in 
specimen H8. 
Figure 7.17 in situ observation of interaction of nickel particles with the 
propagating crack in specimen HlO during the DeB testing. 
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Figure 7.18 (a) SEM photomicrograph (secondary electron image) showing the 
fracture surface of specimen RiO; (b) same as (a), but higher magnification. 
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Figure 7.19 SEM photomicrograph (secondary electron image) showing 
the fracture by necking to a line of irregularly shaped nickel particles in 
specimen RIO. 
Figure 7.20 in situ observation of interaction of nickel particles with the 
propagating crack in specimen R9 during the DeB testing. 
186 
lOJ,Lm 
Figure 7.21 (a) and (b) in situ observation of streching to failure of the 
nickel particles that bridge the propagating crack during the DeB testing 
(specimen H9). 
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Figure 7.22 (a) SEM photomicrograph (secondary electron image) showing the 
fracture surface of specimen H9; (b) same as (a), but higher magnification. 
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Figure 7.23 SEM photomicrograph (secondary electron image) showing the 
pull-out of some nickel particles on the fracture surface of specimen H9. 
Figure 7.24 SEM photomicrograph (secondary electron image) showing 
the fracture of nickel-particles on the fracture surface of specimen H9. 
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Chapter 8 
Conclusions 
The aims of the project were to investigate the degree of toughening that could be 
achieved in the alumina/nickel model system, and to produce a microstructure that achieved a high 
fracture toughness value through the efficient use of the nickel additions. These aims have been 
achieved. 
Composites have been fabricated using both sintering and hot pressing techniques. The 
effects of microstructure and Al20 3-Ni interfacial bonding on the toughness of the composites 
have been studied. Optimisation of processing routes of the composites has been investigated. 
Desirable microstructures with appropriate interfacial bonding, and thus tougher composite 
materials, have been produced. 
Selection of the sintering environment is crucial for the fabrication of the sintered 
composites. A proper control of the sintering process can avoid the detrimental occurrence of 
both spinel formation and sweating, and produce a dense composite material. Such an 
environment can be achieved by the use of a proper powder bed in which the specimen is 
embedded in alumina powder then surrounded by graphite powder. 
Hot pressing can produce a dense composite close to theoretical density. Two composite 
microstructures have been produced. The first type of composite comprises discrete nickel 
particles in an alumina matrix. The nickel particles are elongated slightly in the direction 
perpendicular to the pressing direction. In the second type of microstructure, the nickel phase is 
more continuous and is said to form a network. 
The fracture toughness values of the composite materials have been measured by 
indentation, double torsion and double cantilever beam methods. The indentation method does 
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not give an accurate fracture toughness value for these composites because of two effects: one 
is that regions of deformation and unusual cracking exist around the indentations, and the energy 
consumed by this is not considered in any of the equations for indentation fracture toughness 
calculation, which results in the overestimation of the fracture toughness of the composites; the 
other is that the indentation cracks are always shorter than the fully developed process zone, 
leading to an underestimation of the steady state fracture toughness. For the specimens with the 
particulate dispersion microstructure, the first effect is dominant, and the fracture toughness is 
generally overestimated by the indentation method. For specimens with the network 
microstructure, the second effect is dominant, and the fracture toughness is underestimated by 
the indentation method. DeB and DT testing methods give a comparatively accurate fracture 
toughness value of the composites. 
All the measurement methods have shown the composites to be tougher than the virgin 
alumina matrix. The fracture toughness of the composite with a network microstructure (Krc =13 
MPa mI !2) is much higher than the original composites with a microstructure of dispersed particles 
(Krc =5.6 MPa mYZ). For these particulate dispersion microstructures, the main limitation to 
toughening is the lack of plastic deformation of the ductile nickel due to the pull-out of nickel 
particles, indicating weak bonding at the Ni-A120 3 interface. For the network microstructure 
composite, the effective "gauge length" of the ductile phase is much larger, allowing the ductile 
nickel to stretch to failure between the crack faces. A large extent of plastic deformation of the 
nickel has been observed. The weak bonding at the Ni-Al20 3 interface can promote partial 
debonding and contribute further to toughening. 
A toughness equation which considers a particle size distribution has been developed. This 
equation is more appropriate than the equations in previous work which always underestimate the 
achievable toughening increment in cases where there is a range of particle sizes. By comparing 
the predicated and experimentally measured fracture toughness of the composites, it can be seen 
that for the composite with the particulate distribution microstructure, the inherent toughness of 
the nickel particles in the composites is not efficiently used because of the poor bonding between 
the nickel particles and the alumina matrix. For the composite with the network microstructure, 
191 
Chapter 8 Conclusions 
most of the nickel phase (about 81 %) contributes efficiently to toughening, and the calculated 
fracture toughness (13.4 MPa mI(2), based on the experimental data of size, geometry and 
deformation of the nickel phase on the fracture surface, is in good agreement with the value 
measured experimentally by the DCB method. 
The effect of oxygen partial pressure in the processing environment on the Al20 3-Ni 
interfacial properties has been investigated both theoretically and experimentally, with the aim of 
achieving a stronger interfacial bonding in the composites with a dispersive distribution of nickel 
particles in the alumina matrix. Oxygen can improve the wetting of alumina by nickel and promote 
NiAl20 4 spinel formation at the interface. Critical oxygen partial pressures for wetting of «-
alumina by liquid nickel and nickel aluminate spinel formation have been calculated. Results show 
that critical oxygen partial pressure for wetting of alumina by nickel is greater then the critical 
oxygen partial pressure for spinel formation in the temperature range 1453-1600°C. Thus wetting 
is always accompanied by spinel formation. The results has been used to predict the variation of 
the interfacial phenomena with oxygen partial pressure in the composite material. 
It has been confirmed that oxygen promoted wetting of alumina by nickel can create a 
mechanically and/or chemically strengthened interface. Spinel formation at the interface is 
detrimental to the interfacial bonding. A proper control of the oxygen partial pressure during the 
fabrication process can achieve wetting, while avoiding the existence of spinel at the interface, and 
produce irregularly shaped nickel particles. The interaction between a propagating crack and the 
nickel particles shows that stronger interfaces are formed between the irregularly shaped nickel 
particles and the alumina matrix. This is beneficial for the toughening of the composite material. 
By using an appropriate two step pre-consolidation heat treatment and a suitable hot 
pressing process, a number of composites consisting of irregularly shaped nickel particles evenly 
distributed in the alumina matrix have been produced. The ultimate fracture toughness of the 
composite with the most irregularly shaped nickel particles distributed in the alumina matrix is 
higher than the value for the composites without a pre-consolidation heat treatment, and the 
toughest composite also has a more desirahlc R-curve hehaviour. 
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9.1 Introduction 
Chapter 9 
Future Work 
While the main aims of the project have been achieved, other avenues of research have 
been identified in the course of the project. These are discussed in the following sections. 
9.2 Other Properties of the Composite Material 
This study has shown that proper control of the processing procedure can lead to much 
improved fracture toughness behaviour. There may be scope, however, for further optimisation. 
The consequences of the higher KIc values for other properties, such as wear resistance, thermal 
shock resistance, high temperature creep, fatigue properties etc have not been evaluated. Thus, 
these need to be investigated if wider application of this composite material is to be possible. 
9.3 Effect of Oxygen on the Chemistry and Structure of the AI10 3-Ni Interrace 
While it is has been made clear that oxygen promoted wetting is beneficial for the bonding 
between nickel and alumina and that spinel formation is detrimental, further work is needed on 
the nature of the chemical reactions and specifically the type of chemical bond that is responsible 
for the strengthening of the Al20:YNi interface. Likewise, the structure of the interface, especially 
the role of oxygen on the interfacial structure, needs further work. A fruitful way of investigating 
these topics might be a combination of HREM and electron energy loss spectroscopy which allows 
the investigation of bonding environments at a very high spatial resolution. 
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9.4 Control of the AlzOJ-Ni Interface Through Alloying Additions in Ni 
Alloying additions, such as Ti and Cr, to nickel can effectively promote wetting on oxide 
materials (Naidich 1981, Kritsalis et at. 1992). It is expected that wetting may be more easily 
achieved without spinel formation if Ni-Ti or Ni-Cr alloys are used to make the ductile phase 
toughened brittle matrix composite. Since wetting occurs if the Ti content is greater than about 
8 at. %, it may be possible to achieve wetting of alumina by the nickel alloy and avoid spinel 
formation at the interface at the same time without the complicated control of oxygen partial 
pressure to achieve these for the case of pure nickel toughened alumina. 
9.S Manipulation of Interfacial Bonding for Other AIZOJ-Transition Metal Systems 
The results and analysis of oxygen partial pressure on the interfacial bonding in the 
AI20~i system may be extended to other A120/transition metal composite systems. 
Experimental data on the effect of the oxygen content in the metal or the oxygen partial pressure 
in the environment on the wetting of alumina by some transition metals such as Cu and Fe, as 
well as spinel interphase formation at these interfaces, already exist in the literature (Halden and 
Kingery 1955, Mehrotra and Charklader 1985, Trumble 1992). Thus it is likely that the bonding 
at the A120/transition metal interface may be manipulated through a proper control of oxygen 
partial pressure in the fabrication environment, and enhanced fracture toughness in these 
composite systems may be achieved. 
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Appendix 1 Indentation Data 
Alumina specimen 
No. al a2 cl c2 c3 c4 a c P 
JUIl N 
62.5 62.5 370 345 350 285 62.5 326 196 
2 62.5 62.5 345 375 320 300 62.5 335 196 
3 62.5 62.5 360 365 310 280 62.5 329 196 
4 62.5 61.3 365 355 340 325 61.9 346 196 
5 66.3 62.5 370 365 315 320 64.4 343 196 
6 61.3 62.5 325 340 320 305 61.9 323 196 
7 61.3 62.5 335 360 360 320 61.9 344 196 
Specimen S 
No. al a2 cl c2 c3 c4 a c p 
JUIl N 
117 125 256 290 230 296 121 268 294 
2 118 122 490 320 180 180 120 293 294 
3 123 125 270 300 150 250 124 243 294 
4 120 120 380 200 250 310 120 285 294 
5 125 120 256 200 310 190 123 239 294 
6 119 123 320 176 280 382 121 290 294 
7 122 124 260 198 305 196 123 240 294 
8 123 121 240 340 270 286 122 284 294 
9 118 122 282 287 240 266 120 269 294 
10 121 124 283 290 170 231 123 224 294 
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Specimen HI 
No. al a2 cl c2 c3 c4 a c P 
pm N 
1 85.0 85.0 225 85 120 120 85.0 138 196 
2 80.0 82.5 200 140 170 215 81.3 181 196 
3 87.5 90.0 90 145 125 145 88.8 126 196 
4 87.5 85.0 150 175 175 110 86.3 153 196 
5 85.0 87.5 155 220 190 130 86.3 174 196 
6 150 148 340 400 180 240 149 290 490 
7 145 150 455 375 270 200 148 325 490 
8 143 145 340 490 245 250 144 331 490 
9 143 135 425 450 200 350 139 356 490 
10 142 144 295 375 280 360 143 328 490 
Specimen H2 
No. al a2 cl c2 c3 c4 a c P 
pm N 
1 110 115 210 214 221 125 113 193 294 
2 120 115 200 190 241 257 118 222 294 
3 110 110 240 290 320 304 110 289 294 
4 115 115 255 215 161 169 115 200 294 
5 108 112 264 387 233 156 110 260 294 
6 112 120 297 322 390 440 116 362 294 
7 110 112 256 270 316 201 111 261 294 
8 109 113 253 289 322 203 111 267 294 
9 113 116 203 192 240 242 115 219 294 
10 112 116 265 310 272 210 114 264 294 
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Specimen H3 
No. al a2 cl c2 c3 c4 a c P 
)JIll N 
1 115 117 215 223 284 141 116 216 294 
2 115 117 225 249 167 148 116 197 294 
3 113 115 242 183 207 197 114 207 294 
4 108 108 231 218 159 278 108 222 294 
5 112 118 183 258 218 277 115 234 294 
6 112 118 272 163 279 158 115 218 294 
7 117 115 301 200 305 189 116 249 294 
8 113 117 220 225 161 276 115 221 294 
9 112 116 223 225 217 204 114 217 294 
10 114 115 225 188 207 240 115 215 294 
Specimen H4 
No. al a2 cl c2 c3 c4 a c p 
)JIll N 
1 110 113 180 246 209 195 112 208 294 
2 110 120 140 188 198 226 115 188 294 
3 113 118 235 249 204 206 116 224 294 
4 113 118 193 251 192 204 116 210 294 
5 113 113 319 277 217 185 113 250 294 
6 110 113 260 230 317 169 112 244 294 
7 118 113 242 300 239 187 116 242 294 
8 111 114 239 197 212 204 113 213 294 
9 112 115 208 247 214 223 114 223 294 
10 117 114 217 219 265 227 116 232 294 
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Specimen H5 
No. al a2 cl c2 c3 c4 a c P 
J1IIl N 
1 110 113 238 242 199 181 112 215 294 
2 113 120 243 229 224 226 117 231 294 
3 108 118 277 270 171 230 113 237 294 
4 110 118 306 190 166 246 114 227 294 
5 113 115 217 225 187 167 114 199 294 
6 115 120 299 165 176 266 118 227 294 
7 110 120 268 228 188 168 115 213 294 
8 114 119 304 167 185 256 117 228 294 
9 113 116 239 255 176 186 115 214 294 
10 112 114 198 245 196 277 113 229 294 
Specimen H6 
No. al a2 cl c2 c3 c4 a c P 
J1IIl N 
1 100 95 120 160 160 160 97.5 150 196 
2 99 100 180 170 186 150 99.5 172 196 
3 105 103 140 270 246 190 104 212 196 
4 110 97 204 160 134 240 104 210 196 
5 113 110 244 150 170 170 112 184 196 
6 94 98 176 183 129 160 96.0 162 196 
7 107 98 198 213 188 177 103 194 196 
8 102 104 215 179 197 225 103 204 196 
9 98 99 164 166 203 159 98.5 173 196 
10 97 95 151 170 202 201 96.0 181 196 
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Appendix 2 Indentation Hardness and 
Fracture Toughness of the Composites 
(Poisson's ratio of alumina: *a--O.27, *b--O.232) 
Alumina specimen 
Indentation 1 2 3 4 5 6 7 
Hv/GPa 23.3 23.3 23.3 23.8 21.9 23.8 23.8 
KIC·s/MPa mY, 4.3 4.2 4.3 4.1 4.2 4.4 4.2 
KIC·b/MPa m'l> 3.2 3.1 3.1 3.0 3.1 3.2 3.0 
Specimen S6 
Indentation 1 2 3 4 5 6 7 8 9 
Hv/GPa 9.3 9.5 8.9 9.5 9.1 9.3 9.0 9.2 9.5 
KIC·s/MPa mY, 9.0 8.0 10.4 8.3 10.6 8.2 10.5 8.4 8.9 
K1C·b/MPa mY, 6.5 5.8 7.5 6.0 7.6 5.9 7.6 6.1 6.5 
Specimen HI 
Indentation 1 2 3 4 5 6 7 8 9 
Hv/GPa 12.6 13.8 11.5 12.2 12.2 10.3 10.4 11.0 11.8 
KIC ·s/MPa m'l> 13.8 9.3 16.0 12.1 10.2 12.5 10.8 10.3 9.3 
KIC·b/MPa m'l, 9.9 6.7 11.6 8.7 7.3 9.1 7.8 7.5 6.7 
Specimen H2 
Indentation 1 2 3 4 5 6 7 8 9 
Hv/GPa 10.8 9.9 11.3 10.3 11.3 10.1 11.1 11.1 10.4 
KIC·a/MPa mY, 13.4 11.4 7.8 12.9 8.9 6.1 8.9 8.6 11.4 
K1c·b/MPa m'll 9.7 8.2 5.6 9.3 6.4 4.4 6.4 6.2 8.2 
10 
9.1 
10.3 
7.4 
10 
11.1 
10.5 
7.5 
10 
10.5 
8.9 
6.4 
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Specimen H3 
Indentation 1 2 3 4 S 6 7 8 9 10 
Hy/GPa 10.1 10.1 10.6 11.8 10.3 10.3 10.1 10.3 10.S 10.4 
KIC·a/MPa mYl 11.7 13.2 12.2 10.8 10.S 11.S 9.7 11.3 11.5 11.8 
KIC·b/MPa mYl 8.S 9.6 8.8 7.8 7.S 8.3 7.0 8.2 8.3 8.S 
Specimen H4 
Indentation 1 2 3 4 S 6 7 8 9 10 
Hy/GPa 10.9 10.3 10.1 10.1 10.7 10.9 10.1 10.8 10.6 10.2 
KIC .a/MPa m Yl 12.0 14.0 11.1 12.1 9.S 9.7 10.0 11.7 11.0 10.6 
KIC·b/MPa mYl 8.7 10.1 8.0 8.7 6.9 7.0 7.2 8.4 8.0 7.7 
Specimen HS 
Indentation 1 2 3 4 S 6 7 8 9 10 
Hy/GPa 10.9 10.0 10.7 10.5 10.5 9.9 10.3 10.0 10.4 10.7 
KIC .a/MPa m Yl 11.5 10.7 9.9 10.8 12.9 11.1 11.8 10.9 11.7 10.6 
KIC·b/MPa mYl 8.3 7.8 7.2 7.8 9.3 8.0 8.6 7.9 8.S 7.7 
Specimen H6 
Indentation 1 2 3 4 5 6 7 8 9 10 
Hy/GPa 9.6 9.2 8.6 8.5 7.3 9.8 8.7 8.6 9.4 9.8 
KIC ·a/MPa mYl 13.4 11.3 8.9 8.9 11.2 11.9 9.8 9.2 11.1 10.2 
K IC .b/MPa mYl 9.7 8.2 6.4 6.4 8.1 8.6 7.1 6.6 8.0 7.4 
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